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iAbstract
The oxygen diffusion and electrical conductivity of the K2NiF4-type oxides
(La2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 0.9, 1.0 and 1.1) are determined from Electrical
Conductivity Relaxation experiments. The results are related to models of the defect
chemistry determined from measurements of the oxygen non-stoichiometry, δ, as a func-
tion of temperature and pO2 . Both the ionic diffusion coefficient of the oxide ions and
the electrical conductivity increases significantly with increasing amounts of Sr and are
strongly dependent on the pO2 . For x = 1.0, the diffusion coefficient increases with de-
creasing pO2 whereas the opposite is the case for x = 1.1. The strong variations in the
diffusion coefficient can not be well explained from the variations of the concentration
of oxygen vacancies. The strong decrease of the diffusion coefficient with decreasing
pO2 observed for x = 1.1 might be due to association or ordering of oxygen vacancies.
Measurements of thermal and chemical expansions are made on the above-mentioned
oxides as well as on (Pr2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 1.0 and 1.2) and
(La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ. The thermal expansions increase with in-
creased Sr content but depends only little on the size of the A-site cation. The chemical
expansions are hardly observable down to pO2 ≈ 10−4 atm due to small losses of oxygen
and small chemical expansion coefficients.
From thermogravimetry measurements it was established that the samples are slightly
sub-stoichiometric with respect to oxygen and that the oxygen content is very stable
at temperatures up to 1000 ℃ and in pO2s down to ≈ 10−4 atm. The higher the Sr
content, the more easily does the sample lose oxygen and this might explain the larger
thermal expansions of the Sr rich samples.
Resumé (Abstract in Danish)
Diffusionen af oxygen og den elektriske ledningsevne af oxiderne (La2−xSrx)0,98Fe0,8Co0,2O4−δ
(x = 0.9, 1.0 og 1.1), som har K2NiF4-struktur, bestemmes udfra ledningsevnerelaksa-
tioner. Resultaterne sammenholdes med defektkemimodeller, som er konstrueret ud fra
målinger af oxygenstøkiometrien som funktion af temperatur og pO2 . Både diffusionsko-
efficienten for oxidioner og den elektriske ledningsevne forøges kraftigt når Sr-indholdet
øges og afhænger stærkt af pO2 . For x = 1.0 vokser diffusionskoefficienten når pO2
mindskes, hvorimod det modsatte er tilfældet for x = 1.1. Der kan ikke gives nogen
fyldestgørende forklaring på de store variationer i diffusionskoefficienten ud fra koncen-
trationen af oxygenvakancer. Muligvis skyldes formindskelsen af diffusionskoefficenten
med lavere pO2 en tiltagende ordning eller binding af oxygenvakancer.
Målinger af termisk og kemisk expansion foretages på de førnævnte oxider samt på
(Pr2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 1.0 and 1.2) og (La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ.
Den termiske ekspansion forøges med øget Sr indhold men afhænger kun svagt af stør-
relsen af kationen på B-sitet. Den kemiske ekspansion kan knapt nok observeres ned
til pO2 ≈ 10−4 atm, hvilket skyldes en meget lille afgivelse af oxygen og lave kemiske
ekspansionskoefficienter.
Ud fra termogravimetriske målinger blev det bestemt, at materialerne er en anelse
under-støkiometriske mht. oxygen og at oxygenindholdet er meget stabilt ved temper-
aturer op til 1000 ℃ og ved pO2 ned til ≈ 10−4 atm. Jo højere indholdet af Sr, jo mere
tilbøjelige er materialerne til at afgive oxygen og dette kan måske forklare den større
termiske ekspansion af prøverne med højt indhold af Sr.
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Forord
The idea for this student project originated from the oxygen membrane research group
at Risø DTU. The original motivation for the project was to investigate whether a
new class of materials had the right properties to be used as oxygen membranes. I,
the author of this thesis, was searching for a subject for my master project in physics,
and thought that the proposed project sounded interesting. I decided to take up and
develop the original project idea and the result is this thesis.
Being a student at Roskilde University, I was allocated a supervisor from Roskilde
University but all of my time have been spent at the department of Fuel Cells and
Solid State Chemistry at Risø, where the experimental work, the data analysis and the
writing of this thesis took place. My work at Risø was supervised by Christodoulos
Chatzichristodoulou.
Guide for the reader
This thesis consists of 10 chapters and one appendix. Chapter 1 and 2 are introductory
chapters and explains why this project is interesting and outlines the choice of inves-
tigated materials and experimental techniques. The theoretical section of this thesis
consists of chapter 3 and 4. The experimental chapters 5, 6, 7 and 8, decribes the
preparation of the samples, the experimental techniques and the experimental setups.
The experimental results are also found in these chapters. In chapter 9 the experimen-
tal results are compared and discussed and chapter 10 is a summary of the results and
conclusions.
An overwhelming amount of experimental data were created during this work and if I
was to present all of them here, it would probably require a few thousand pages. Only
the most necessary tables and graphs are presented in this thesis but even so, some
chapters have a large ratio of figures to text. In order to have a nice lay-out, some
figures are presented out of their context a few pages away from the place in the text
where they are referred to. Also, it was necessary to make some of the figures quite
small.
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1 Introduction
1.1 Motivation
Mixed Ionic Electronic Conductors (MIEC) is a class of materials having the ability to
conduct both ions and electrons. A subclass of these are the mixed-conducting oxides
conducting electrons and oxide ions (O2−). The mixed-conducting oxides have several
possible applications of which the most important are as cathode materials in solid
oxide fuel cells and as oxygen membranes. In chapter 2 the use of mixed-conducting
oxides as oxygen membranes is described but for more information about the use in
fuel cells, the reader is referred to [1].
For use as oxygen membranes, the material must fulfill certain citeria [2, p. 542]. Some
of these are:
1. high ionic conductivity.
2. chemical and structural stability at high temperatures and at low as well as at
high oxygen partial pressures. The membrane should not crack or degrade too
fast at the required conditions.
3. thermal and chemical compatibility with other cell components. This means,
among other things, that the thermal expansion coefficient of the membrane
should be similar to that of its support material. Furthermore, the uptake of
oxide ions into the membrane should not cause a significant volume change 1.
Some of the most promising candidate materials for oxygen membranes are oxides with
perovskite structure, having the general formula ABO3−δ, where A usually is a rare
earth element (often La) doped with an alkaline earth metal, and B is one or several
of the 3d elements. Due to high oxide ion conductivity, these perovskite oxides are
subjects to extensive research on their applications as oxygen membranes [2, p. 487].
Unfortunately, the perovskite compounds tends to expand significantly upon reduction
or completely decompose at low oxygen partial pressures, resulting in a mechanical
failure of the membrane [3]. As a consequence, other types of materials have come
into focus. The Ruddlesden-Popper (RP) type compounds having the general formula
A2BO4−δ might be an alternative to the perovskite compounds, since the structures
of the two kinds of materials are similar 2. So far, investigations of oxides of the RP
type have shown that they exhibit greater stability towards reduction and have smaller
thermal expansion coefficients than the corresponding perovskites [4, 5, 6]. Whereas
the perovskites have been studied extensively, less interest has been given to oxides of
the RP-type.
In order to produce membranes having the best possible properties, a better understand-
1 The volume change accompanied with a change in the chemical compostion is described by the
socalled chemical expansion coefficent
2 A description of the structures can be found in chapter 3
1
2 Introduction
ing of which factors that govern the material properties are required. An understanding
of how properties such as the ionic conductivity, thermal expansion and chemical stabil-
ity depend on the amount and type of the cations in the materials, will make it possible
to tailor materials for specific purposes.
In this project answers to these questions are pursued.
1.2 Purpose of the project
The motivation for this project is to investigate whether oxides with RP-structure are
suitable materials for use as oxygen membranes. For this application certain material
properties are required as described in the preceeding section. This project investigates
the properties of different RP-type oxides and relates these properties to the composi-
tions of the oxides with the hope of being able to elucidate which factors that govern
the material properties. Special focus is on the oxide ion conductivity of the materials
and the factors that determine the ionic conductivity. In this context the following
questions are examined:
• how does the electronic and ionic conductivity depend on the oxygen content and
defect chemistry of the material?
• how are the relevant material properties related to the extent of Sr doping?
• any correlations between ionic conductivity and thermal and chemical expansion
of the material?
1.3 Method
In order to elucidate the questions posed in the previous section, different kinds of ex-
periments are made on a small variety of RP-type oxides having different compositions.
The questions are discussed on the basis of these experiments and in relation to other
experimental observations and theories presented in the literature.
Experimental techniques
Information about the oxygen diffusion properties are derived from electrical conduc-
tivity relaxations (Chapter 7). From these experiments the bulk diffusion constant,
Dchem, and the constant determining the rate of the surface reaction, kex, are found.
From thermogravimetry measurements (Chapter 6) the amount of oxygen in the ma-
terials is determined as well as the variation of the oxygen content with temperature
and oxygen partial pressure, pO2 , of the surrounding atmosphere. Another and more
precise technique to determine the variation of the oxygen content is coulometric titra-
tion (Chapter 6). Finally, the thermal expansion coefficient of the materials and the
response of the volume of the materials to changes in oxygen content, are determined
by dillatometry (Chapter 8). All of these properties are dependent on and can provide
information about the structure and oxygen content of the materials and are therefore
relevant to measure.
Choice of materials
As will be described in more detail later in this thesis, the oxygen content and the
structure of the materials depends on the sizes and valencies of the metal cations on
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Composition Abbreviation
(La1,1Sr0,9)0,98Fe0,8Co0,2O4−δ La1,1Sr0,9
(LaSr)0,98Fe0,8Co0,2O4−δ LaSr
(La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ La0,9Sr1,1
(La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ La1,2Sr0,8Mg
(PrSr)0,98Fe0,8Co0,2O4−δ PrSr
(Pr0,8Sr1,2)0,98Fe0,8Co0,2O4−δ Pr0,8Sr1,2
Table 1.1 The investigated compositions and their abbreviations
the A- and B-sites in the crystal lattices. By varying the relative amounts of these
cations as well as substituting with other metal cations, the properties of the materials
are altered. The compositions of the examined materials and their abbrevations are
given in table 1.1. As can be seen from the table, cations of the metals La, Sr and
Pr are present at the A-site. La and Pr will be present as La3+ and Pr3+ and the
important difference between these two is the slightly smaller ionic radius of Pr3+.
Sr has the valency 2+. In all of the compositions the B-site is occupied by the same
ratio of 3d metal to A-site cations (two A-site cations for each 3d cation) except in one
composition where a small amount of the divalent Mg-ion is substituted for Fe/Co as
a compensation for a low content of divalent Sr on the A-site.
All of the compositions are slightly sub-stoichiometric with respect to the A-site cations
(the stoichiometry is 0,98 instead of 1 as in the ideal A2BO4 structure). This is done
to make sure that none of the materials are hyper-stoichiometric since this might have
a significant influence on the material properties as is the case for some perovskite-type
oxides [7]. Also, an excess of La might result in the formation of lanthanum oxide,
La2O3, which tends to react with water and form lanthanum hydroxide. This will
cause the sample to expand and break. A little sub-stoichiometry is not as serious so
the stoichiometry of 0,98 is chosen in order to be on the safe side.
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The materials investigated in this project are potential materials for use as oxygen
permeation membranes.
A dense oxygen permeation membrane allows oxygen to pass without allowing any other
gases through. The adjective “dense” specifies that the membrane is free of cracks and
interconnected pores through which gas molecules may pass. In mixed-ionic oxides, the
oxygen molecules are being ionized at the surface of the material, diffuse through the
material as oxide ions, form an oxygen molecule at the surface of the other side of the
membrane and leave the material as O2 gas. The overall reaction taking place at the
surface is:
1
2O2 + V
••
O + 2e
′ 
 O×O (2.1)
The reaction is written using the Kröger-Vink notation which is explained in section
3.2. Since the oxygen takes up electrons at one side of the membrane and delivers
them at the other side there must be a flow of electrons through the material in the
direction opposite to the flow of oxide ions. The flows of oxide ions and electrons can
also be described as opposite flows of oxide vacancies and electron holes. This is shown
on figure 2.1. The flow of oxygen through the membrane is driven by a difference in
oxygen partial pressure between the two sides of the membrane. The oxygen flows from
the high pO2 side (p′O2) to the low pO2 side (p
′′
O2
). Atmospheric air can be led to the
high pO2 side and pure oxygen can be pumped away from the low pO2 side making
it an inexpensive source of pure oxygen. Another potential application is the partial
oxidation of methane to syngas (CO + H2) taking place at the low pO2 side. As the
chemical reaction proceeds the oxygen content is depleted and the pO2 is kept low.
There are several advantages of combining the oxygen separation and chemical reaction
Figure 2.1 Sketch of the particle fluxes through an oxygen membrane.
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into a single step, including high conversion levels of methane gas as well as safety
issues [3]. For membranes made of perovskite oxides, the temperature must typically
be higher than 700 ℃ for the material to be sufficiently ionic conducting [3]. This high
temperature sets some high requirements for the materials surrounding the membrane
material, e.g. the porous substrate that supports the membrane material. There are
also several criteria for the membrane material itself [2, p. 542]:
• a high electronic and ionic conductivity.
• catalytic activity to support the ionization of oxygen and the reaction with methane.
• chemical and structural stability at low pO2 and high temperature.
• thermal and chemical compatibility with other cell components.
3 Perovskites and Ruddlesden-Popper
type oxides
The structures of perovskites and Ruddlesden-Popper (RP) type oxides are similar and
will be described in this chapter. The crystal structures of these materials can be
distorted from their ideal structure depending on the relative sizes of the constituent
cations as well as the amount of oxide ions in the material. Apart from influencing the
structure of the materials, the amount of oxide ions is crucial to many of the material
properties such as ionic and electronic conductivity. Therefore, factors determining the
oxygen content are explained in this chapter.
3.1 Structure of perovskite and RP type oxides
Ruddlesden-Popper (RP) type structures are actually a series of structures having the
general formula An+1BnO3n+1 or AO(ABO3)n. Thus, both the perovskite structure
(ABO3, n = ∞) and the RP structures investigated in this project (A2BO4, n = 1)
are members of the RP series. Since the word "perovskite" is so commonly used for the
ABO3 structure, this will also be used in this report, and "RP structure" will exclusively
refer to the A2BO4 structure even though both structures formally belong to the RP
series.
The perovskite structure is the simplest of the two structures. Different illustrations
are presented in figures 3.1 to 3.3. The structure can be thought of as being built up
by a matrix of BO6 octahedra having the A-site cations in the cavities between the
octahedra as illustrated in figure 3.3.
The more complex RP structure can be derived from the perovskite structure. It can
be conceived of as a layered structure having a rock-salt layer in between the perovskite
layers. Each of the perovskite layers has a thickness of one unit cell and are horisontally
displaced relative to each other by half a unit cell. This is illustrated in figure 3.3.
Because of this layered structure, the RP-structure is said to have a two-dimensional
structure whereas the perovskite has a three-dimensional structure.
Many different metal cations can occupy the A- and B-sites, but in the perovskites and
RP compounds relevant to this project, the A-sites are occupied by rare earth cations
(e.g. La or Pr) and alkaline earth cations (e.g. Sr or Ca) while cations of 3d elements
(e.g. Fe and Co) are the most common at the B-sites.
It is not just any combination of cations in the right stoichiometric amounts that can
be mixed together to form the perovkite or RP structure. The radii of the cations must
fulfill certain requirements in order to stabilize the desired structure. For the perovskite
structure these requirements can be expressed using the Goldschmidt tolerance factor,
t = (rA + rO)/(
√
2(rB + rO)), which nominally should lie in the interval 0,75 < t < 1
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Figure 3.1 Unit cell of perovskite structure (left) and RP structure (right). The color of the
sites are: A = white, B = grey, O = black
[2, p. 521]. rA, rB and rO are the radii of the A- and B-site cations and the oxide ions,
respectively. In order for the RP structure to exist, the tolerance factor should should
lie in the interval 0,85 < t < 1,05, although an examination of Ln2−xSrxCoO4 phases
(Ln = La, Nd, Sm, Gd, and Dy) shows a much more limited range of t [9]. If the cation
radii and the tolerance factor do not lie within the required intervals, the materials will
not be single-phase with the desired structure. Instead the material might consist of
several phases having different structures. This sets some restrictions on the character
and extent of doping with different cations.
The size of the unit cell and the bond lengths depend on the radii of the ions. Only
when the radii are just right, the materials will adopt the ideal structure. Otherwise
the unit cells will be distorted from their ideal structure. Typically tetragonally og
orthorhombically distorted structures are present.
3.2 Altering the oxygen content
The nominal formula for the RP-compounds is A2BO4 but it would be more precise
to write it as A2BO4−δ since the oxygen content is not fixed but depends on the
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Figure 3.2 Illustration of perovskite structure (left) and RP-structure (right). The color of
the sites are: A = grey, B = black, O = white. The illustration is taken from reference [8]
Figure 3.3 Illustration of perovskite structure (left) and RP-structure (right). The BO6
octahedra in the perovskite slabs are depicted as octahedra and the A-site cations are depicted
as black and white circles. The illustration is taken from reference [8]
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Defect Notation
La3+ at La3+-site LaxLa
Sr2+ at La3+-site Sr′La
Oxygen vacancy V ••O
Interstitial oxygen O′′i
Free electron e′
Electron hole h•
Table 3.1 Examples of Kröger-Vink notation for point defects
temperature and pO2 of the surrounding atmosphere. Also, doping with aliovalent
metals1 at the A- and B-site can induce a change in the oxygen non-stoichiometry, δ.
In this way oxygen vacancies or interstitial oxygen may appear in the crystal strucure.
To describe the defect chemistry taking place upon doping and with changes in δ, the
Kröger-Vink notation is adopted. In this notation the charges of the particles in the
crystal lattice are relative to the charges of the particles in a reference lattice. If the
reference crystal is LaSrFeO4, then a Sr2+ ion at the La A-site has one negative
excess charge (relative to La3+) and is written as Sr′La. Positive excess charges are
denoted with a dot (•), negative excess charges with a prime (′) and neutral species
with an x (x). Examples of this notation are found in table 3.1. Due to the requirement
of electroneutrality, the substitution of Sr2+ for La3+ must be accompanied by an
increase in the valency of the B-site cation or by the release of oxygen resulting in the
formation of oxygen vacancies. Using the Kröger-Vink notation the electroneutrality
condition can be expressed as:
[Sr′La] = 2 [V
••
O ] + [Fe
•
Fe] (3.1)
The oxygen content may also be altered by changing the temperature and the pO2 . As
the pO2 decreases, oxygen starts leaving the material thereby forming oxygen vacancies
and forcing the B-site cations to adopt lower oxidation states. This can be expressed
by the reaction:
2FexFe +O
x
O 
 2Fe′Fe + V ••O + 1/2O2(g) (3.2)
The response of the material to changes in temperature and pO2 depends on the char-
acter of the metal cations. Some compositions are chemically unstable and may easily
give up oxygen as the temperature is increased or the pO2 is lowered. Other more sta-
ble compositions hardly release any oxygen untill the pO2 is very low. Since the release
of oxygen forces the cations of the 3d elements to adopt a lower oxidation state, the
tendency of the material to release oxygen is strongly affected by the redox stability
of the cations. In the case of perovskite oxides, the stability decreases in the order
Cr3+ > Fe3+ > Mn3+ > Co3+ [2, p. 526]. The same tendency is seen for RP oxides
where the cobaltites are less stable than the manganites [4].
The oxygen content of the material is crucial to the oxide ion conductivity, and the
dependence of the oxygen content on pO2 and temperature is influencing the stability
1 aliovalent ions: ions having another valence state than the ions in the host lattice that is replaced
by dopant ions
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and the expansivity of the materials. Therefore two experimental techniques, Ther-
moGravimetry and Coulometric titration, are employed to determine the oxygen non-
stoichiometry as a function of temperature and pO2 (see chapter 6).
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The RP-structured oxides investigated in this project, as well as their perovskite coun-
terparts, are Mixed Ionic and Electronic Conductors (MIEC). That is, they are able
to transport both oxide ions and electrons (or electron holes). In this chapter we will
take a closer look at these properties and the equations describing them. The general
transport mechanisms and the factors influencing these will be described. Since this
project is mainly concerned with the transport of oxide ions, more emphasis will be put
on this than on the electronic transport.
4.1 Electronic transport
When oxides of both the perovskite type and the RP type structure contain 3d tran-
sition metals they exhibit electronic conductivity. In general the perovskites have a
higher electronic conductivity than the RP-structured oxides which Sharma et. al [8]
ascribe to the 3-dimensional character of the perovskite structure in contrast to the
2-dimensional character of the RP structured oxides. Matsuura et. al [10] suggest that
the lower conductivity of RP-type oxides is due to more localized electrons in these
structures.
Both perovskite and RP oxides exhibit semiconducting behaviour in the sense that con-
ductivity increases with temperature. If the electronic transport takes place as small
polaron hopping there will be a linear relationship between log(σT ) and 1/T . At elevated
temperatures though, this relationship is often not linear and the slope of the conduc-
tivity curve decreases with increasing temperature. In the case of perovskite cobaltites
the conductivity might even start decreasing with temperature as some transition tem-
perature is exceeded [10]. This deviation from ideal semiconductive behaviour has in
the case of the RP-type oxides been ascribed to the sometimes substantial loss of oxygen
as the temperature is increased leading to a decrease in the concentration of electronic
carriers (electron holes) [11, 6, 12]. The predominant charge carriers have been shown
to be electron holes [13, 11, 10] meaning that the materials are p-type semiconductors.
4.2 Ionic transport
Oxygen migrates through the materials in the form of oxide ions (O2−) when there
is a gradient in the chemical or electrical potential in the material. A gradient in the
chemical potential can be created by having a difference in pO2 between the two sides of
a membrane. The migration of oxide ions takes place through a mechanism where the
oxide ions jump between available sites. These sites can either be interstitial if there is
sufficient space in the structure for these, or consist of oxygen vacancies if the material
is substoichiometric with respect to oxygen. The vacancies can be created by doping
13
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the materials with lower valent cations or subjecting the samples to a sufficiently low
pO2 . The mechanisms of oxygen diffusion and the factors governing these will be looked
further into later in this chapter, but first some general diffusion theory of MIEC is
presented.
Bulk diffusion: The Wagner equation
The Wagner equation provides an expression for the oxygen flux, jO2 , through a MIEC
membrane when there is a difference in the pO2 between the two sides of the membrane.
The flux of oxide ions in one direction can also be perceived as a flux of oxide vacancies
in the opposite direction. The forces pulling the charged species through the membrane
are the gradient in the chemical potential,∇µi, and the gradient in the electric potential,
∇φ. The flux of a given particle, i, is then given as:
ji = − σi
z2i F
2
(∇µi + ziF∇φ) (4.1)
where F is the Faraday constant and zi is the charge of the diffusing particle.
The fluxes of vacancies, electrons and electron holes can be formulated using equation
4.1. These fluxes are linked due to the requirement of electroneutrality, forcing the fluxes
of the charged species to cancel any accumulation of charge. From these considerations
and with the assumption that everything is at chemical equilibrium, an expression for
the oxygen flux can be derived [2, p. 497]:
jO2 = −
1
42F 2
σelσion
σel + σion
∇µO2 (4.2)
where σel and σion are the electronic and ionic conductivities. The conductivity term
σamb = σelσionσel+σion is called the ambipolar conductivity which in the case of σel >> σion
can be approximated by σion.
The chemical potential of oxygen can be expressed in terms of the oxygen partial pres-
sure and ∇µO2 in equation 4.2 can be substituted by RT ∂ln pO2∂x . Integrating the result-
ing expression across the membrane yields the Wagner equation:
jO2 = −
RT
42F 2L
∫ ln p′′O2
ln p′O2
σambd ln pO2 (4.3)
L is the thickness of the membrane, p′O2 and p
′′
O2
are the oxygen partial pressures at
the high and low oxygen partial pressure sides, respectively.
A sometimes rather large problem with the Wagner equation is that it does not take
into account the effect of the surface reaction. In the derivation of the Wagner equation
it is assumed that gaseous oxygen atoms are ionized at the surface and incorporated
into the crystal at an infinitely fast reaction rate. The oxide ions just below the surface
are so to say always in equilibrium with the gaseous oxygen. In practice this is not
so. The surface reaction is sometimes a seriously limiting factor for the transport of
oxygen through a membrane. It should also be kept in mind that the Wagner equation
describes the diffusion from a macroscopic point of view and does not include the impact
of grain boundaries and pores on the diffusion.
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Surface exchange
The diffusion of oxygen through a membrane can be divided into two phenomena: 1)
the diffusion through the bulk of the sample and 2) the reactions taking place at the
interface between the membrane and the surrounding gas where gaseous oxygen is being
ionized and incorporated into the crystal structure. The latter phenomenon might very
well consist of the following steps: adsorption of gaseous oxygen, dissociation, charge
transfer, surface diffusion and incorporation of the oxide ions into the structure [2,
p. 501]. It is assumed that the oxidation of ionic oxygen into gaseous oxygen at the
surface takes place via the same reaction steps as the reduction of gaseous oxygen. It
has been shown experimentally that these two surface reactions have the same reaction
rate constants [14].
To describe the kinetics of the surface reaction a simplified model is often employed
where the oxygen flux through the surface is proportional to the magnitude of the
"inequilibrium" between the gas phase and the oxide ions residing just below the surface:
jex = kex(cO − cO,eq) (4.4)
where cO is the actual concentration of oxygen in the material and cO,eq is the con-
centration of oxygen in the material when it is at equilibrium with the surrounding
atmosphere.
The various diffusion coefficients and their relations
In the literature several different diffusion coefficients describing the magnitude of the
ionic bulk diffusion can be found. These different diffusion coefficients arise because
of the different character of the measurements employed for measuring the diffusion of
oxide ions. In order to be able to compare diffusion data from different experiments it
is necessary to derive the relations between these diffusion coefficients.
The chemical diffusion coefficient
From the ECR experiments in this project, the socalled chemical diffusion coefficient,
Dchem, is determined. The chemical diffusion coeffient is defined in terms of the gradient
in the oxygen concentration:
jO = −Dchem ∂cO
∂x
(4.5)
which is known as Fick’s first law.
In order to obtain Dchem in terms of some physical properties we start by expressing
equation 4.2 in terms of ∂cO∂x :
jO2 = −
1
42F 2
σamb∇µO2 (4.6)
= − 1
42F 2
σamb
∂µO2
∂cO
∂cO
∂x
(4.7)
Since ∂µO2∂cO = RT
∂ ln pO2
∂cO
= RTcO
∂ ln pO2
∂ ln cO
, this can be rewritten as:
jO2 = −
1
42F 2
σamb
RT
cO
∂ ln pO2
∂ ln cO
∂cO
∂x
(4.8)
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Now, comparing equations 4.8 and 4.5 and remembering that jO = 2jO2 , the chemical
diffusion coefficient can be written as:
Dchem =
σamb
4F 2
RT
cO
γ (4.9)
γ = 12
∂ ln pO2
∂ ln cO
is called the thermodynamical factor. This factor can be determined
experimentally by measuring the oxygen concentration as a function of pO2 , f.ex. in a
coulometric titration experiment.
Self-diffusion and tracer diffusion coefficient
In so-called tracer experiments the rate of diffusion is determined from the diffusion
profile of a tracer atom. The diffusion profile can be experimentally determined by f.ex.
SIMS (Secondary Ion Mass Spectroscopy). These tracer experiments yields the socalled
tracer diffusion coefficient, D∗, which is closely related to the selfdiffusion coefficient,
D.
The selfdiffusion coefficient is defined from the Nernst-Einstein equation:
σion =
4F 2cOD
RT
(4.10)
Combining equations 4.9 and 4.10 yields the relation between Dchem and D:
Dchem =
σamb
σion
γD (4.11)
which in the case of predominant electronic conduction simplifies to:
Dchem = γD (4.12)
The selfdiffusion coefficient describes the diffusion of a particle performing a random
walk in a crystal lattice. A random walk is a diffusion mechanism where it is completely
random to which of the neighboring lattice sites the migrating atom jumps. In a tracer
experiment the jumping direction of the tracer atom is not completely random - it
is said to be correlated. If the migration takes place via a vacancy mechanism, the
atom experiences a backward correlation since it is is more likely to jump back to the
vacancy it just created than in any other direction [15, p. 22]. The degree of correlation
depends on the geometry of the crystal and is described by the correlation factor, f ,
which adopts a value of one in the case of uncorrelated random walk and decreases
with the degree of correlation. For diffusion in the perovskite structure f = 0, 69 [15, p.
223]. Since the migration of tracer atoms is correlated while the selfdiffusion coefficent
describes random walk, the correlation factor relates the selfdiffusion and the tracer
diffusion coefficient:
D∗ = f ·D (4.13)
While the tracer atom transport is correlated, the vacancy itself performs a random
walk.
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The vacancy diffusion coefficient
Just as the bulk diffusion kinetics of oxide ions can be described by the selfdiffusion
coefficient, a similar quantity can be defined for the diffusion of vacancies, namely
the vacancy diffusion coefficient, DV . Again, this is defined from the Nernst-Einstein
equation (4.10) where the concentration of oxygen, cO, is replaced by the concentration
of vacancies, cV . From these two versions of the Nernst-Einstein equation, the relation
between D and DV is found:
DV =
cOD
cV
(4.14)
Surface exchange and surface rate constants
Just as several different quantities describes the bulk diffusion measured by different
experimental techniques, several different quantities are describing the rate of the sur-
face reaction. In the tracer diffusion experiments a quantity called the surface exchange
coefficient, ks, is determined. This is related to the transport of oxygen through the
surface in the following way [2, p. 502]:
jO2 = −
ksco
4RT
∆µintO2 (4.15)
where ∆µintO2 is the difference in the oxygen chemical potential across the gas/solid
interface.
In the ECR experiments the determined quantity is the socalled surface rate constant,
kex, as defined in equation 4.4 which also can be written as:
2jO2 = jO = −kex∆cO (4.16)
By combining equation 4.15 and 4.16 we get the relation between ks and kex:
−kex∆cO = − ksco2RT ∆µ
int
O2 ⇔ (4.17)
kex =
ksco
2RT
∆µintO2
∆cO
(4.18)
=
ksco
2RT
RT∆ ln pO2
∆cO
(4.19)
≈ ks 12
∂ ln pO2
∂ ln cO
= γks (4.20)
Surface or bulk controlled diffusion
As explained in the preceeding sections the bulk diffusion coefficient, D, and the surface
rate constant, k, are controlling the flux of oxygen through a membrane or, as is the
case in the ECR experiments, the rate at which oxygen leaves the sample as the pO2 of
the surrounding atmosphere is lowered. The ratio of these two parameters defines the
socalled characteristic thickness of an oxygen membrane [2, p. 504 and 506]:
Lc =
Dchem
kex
=
σamb
σion
D
ks
=
1
f
σamb
σion
D∗
ks
(4.21)
Lc is a measure of whether the diffusion is limited/controlled by bulk diffusion or the
surface exchange. When a membrane is thinner than the characteristic thickness, the
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diffusion is said to be controlled by surface exchange while for thicknesses larger than
Lc, the overall diffusion rate is controlled by bulk diffusion. Of course the rate of
diffusion will always depend on both Dchem and kex but one parameter may be much
more important than the other. If e.g. Dchem is much larger than kex the overall
diffusion will be limited by the rate at which oxygen leaves the surface. The oxide ions
move fast through the bulk of the sample but can only slowly leave the sample at the
surface and the overall diffusion is therefore limited by the surface exchange.
Mechanisms of ionic diffusion
The diffusion of oxygen through MIEC occurs via a jump mechanism where the oxide
ions jump between available sites. These sites may consist of interstitial sites or va-
cancies or maybe both. In the perovskite oxides the diffusion is considered to occur
via oxygen vacancies [2, p. 527], while both interstitial and vacancy mechanisms occur
in the RP phases. It seems like oxygen transport via interstitial sites occur in the RP
oxides having an overstoichiometry of oxygen. This overstoichiometry and interstitial
transport mechanism is found in RP phases of lightly Sr-doped cuprates and nicke-
lates [16, 5, 17]. The oxygen interstitials are located in the rock-salt layers of the RP
structures and the transport of oxygen takes place via an interstitial mechanism in the
rock-salt layers [18].
In highly Sr-doped RP oxides containing Fe, Co and Mn there is a substoichiometry
of oxygen and there is a very strong dependence of the diffusion on the vacancy con-
centration, which indicates a vacancy mechanism [7]. The vacancies are expected to
be situated in the perovskite layers [17]. In a study by Hayward and Rosseinsky [19]
LaSrCoO4 is reduced to LaSrCoO3,5 in a 8%H2/N2 atmosphere at 550 ℃. X-ray and
neutron diffraction measurements on the reduced compound revealed that the formed
oxygen vacancies were all in equatorial positions in the CoO6 octahedra of the per-
ovskite layers.
The materials investigated in this project are heavily Sr doped and are therefore ex-
pected to be oxygen sub-stoichiometric, meaning that the transport of oxygen should
take place via a vacancy mechanism. However, from the thermogravimetry results
(Chapter 6) it seems like the investigated materials are only slightly oxygen sub-
stoichiometric making it difficult to conlude anything about the transport mechanism
on this basis. Even if there is a slight oxygen sub-stoichiometry, considerable amounts
of interstitials can be formed by anti-Frenkel defects in which an oxide ion leaves its
usual lattice site to move to an interstitial site and thereby forms a vacancy in addition
to the interstitial oxide ion. To how large an extent this is happening is unknown but
for simplicity it will in the following be assumed that transport via vacancies is the only
transport mechanism.
Concentration dependence of the diffusivity
The magnitude of the diffusion depends on the concentration of vacancies. The more
vacancies present, the higher is the chance that an oxide ion can jump and change
place with a vacancy. In the Nernst-Einstein equation (equation 4.10) this is seen as a
proportionality between the ionic conductivity and the concentration of ionic species,
in this case vacancies. One may now think that the ionic conductivity is proportional
to the concentration of vacancies, but this is not quite so. From a statistical view DV is
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not independent of cV since the number of sites available for vacancy hopping decreases
with cV . The higher the concentration of vacancies, the more sites are already occupied
by a vacancy. To account for this, a reduced vacancy diffusion coefficient, D0V , which
is independent of cV can be defined [14, p. 21]:
DV = D0V
(
1− δ
n
)
(4.22)
where δn is the fraction of oxygen sites avilable for vacancy hopping that are already
occupied by vacancies. In the perovskites all of the sites can be considered equal and
n is then equal to the number of oxygen atoms in the formula for the stoichiometric
compound. That is 3 in the perovskites. In the RP-structure the oxygen sites are far
from equal and there will most likely be a tendency for the vacancies to be created at
some sites rather than others. If f.ex. the above observation that vacancies are situated
at the equatorial sites in the BO6 octahedra is correct and that these are the only
available sites for vacancies, then it restricts the vacancy hopping to only half of the
oxygen sites in the lattice. In this case n = 2 and not 4 as in the stoichiometric formula.
Experimental evidence for the increase in ionic conductivity with increasing vacancy
concentration is found from the investigation of the perovskite system A1−xSrxBO3 (A
= La, Pr, Ce; B = Mn, Fe, Co, Ni, Ga, Mg) [7]. Both the oxygen deficiencies and the
ionic conductivities are increased when substituting the A-site with Sr and the B-site
with Co.
Other factors than the mere magnitude of the vacancy concentration are important
when explaining the concentration dependence of diffusion. What really matters is not
the concentration of vacancies but the concentration of freely moving vacancies. Such
effects as association and ordering lower the concentration of mobile vacancies and are
sometimes necessary to take into account in order to explain the change in diffusivity
with changing concentration of vacancies/interstitials.
Association may happen between an oxygen vacancy and the dopant cation. This
"binding" of the vacancy to the cation restricts the movement of the vacancy which is
no longer mobile. In a study by Kilner and Brook [20] focusing on ionic conductivities of
perovskite and flourite oxides, it is concluded that association effects are an important
factor.
In a comparative literature study of various perovskite oxides by Hayashi et al. [21] it
is observed that the ionic conductivity increases with the oxygen deficiency, but only
up to δ = 0, 2. At higher δ-values there was no further increase in the conductivity - on
the contrary it seemed to drop in some cases. No clear explanation for this behaviour
is presented, but it is suggested that short-range interactions between oxygen vacan-
cies causes local strain in the lattice, which reduces the movement of the oxide ions.
In a review chapter on oxygen membranes, Bouwmeester writes about the ordering of
vacancies in perovskites [2, p. 531-536]. When vacancies are ordering, superstructures
are formed within the perovskite lattice. These superstructures can be conceived of
as oxygen-deficient perovskite structures where the oxygen deficiency can only adopt
certain discrete values. Such ordering decreases the number of mobile vacancies and
thereby decreases the ionic conductivity. The more vacancies that are present, the
higher is the tendency to form ordered structures. Increasing the temperature above
some transition temperature breaks down these ordered structures and introduces a dis-
ordered structure with a significant amount of mobile vacancies leading to an increase
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in the ionic conductivity.
Experimental observations of the effect of increased ordering with increasing oxygen
deficiency is seen in investigations of the ionic diffusion in La1−xSrxCoO3−δ (x = 0.2,
0.5 and 0.7) [22] and La0,6Sr0,4Co1−yFeyO3−δ (y = 0.2, 0.5 and 0.8) [23]. The chem-
ical diffusion coefficient is measured at different pO2s and in both cases the diffusion
coefficient strongly decreases with decreasing pO2 below 10−2 bar. The chemical diffu-
sion coefficient should be approximately constant within this pO2 range and in order to
explain the unexpected observations, the strong decrease in Dchem is attributed to an
increased vacancy ordering as the concentration of vacancies are increased.
Ordering effects are also seen in RP-type oxides. This is the case for La2−xSrxCuO4−δ
where the oxygen diffusivity suddenly drops about 3 orders of magnitude from x = 0, 03
to x = 0, 07 [24]. The authors can not explain this large drop with immobilization of
vacancies due to association with Sr ions and conclude that long-range ordering of va-
cancies causes the large drop in diffusivity.
Structural features influencing the ionic transport
The number of mobile vacancies is not the only characteristic of the material deter-
mining the ionic conductivity. Another major factor is the activation energy, Ea, for
diffusion of oxygen. The enthalpy of migration, ∆Hm, contributes to the activation
energy (the other contributing energy term is the enthalpy of formation of the mobile
species ∆Hf ), and depends on the lattice structure and the migration pathway of the
vacancy. A lot of work has been made to investigate the strucural features influenc-
ing the ionic conductivity in perovskites but much fewer studies can be found on the
RP-type oxides. Since the migration of oxide ions in oxygen-deficient RP-type oxides is
assumed to take place via a vacancy mechanism in the perovskite layers, it is relevant to
take a look at the results from the investigations of the structural features influencing
the ionic conductivity of perovskites.
Migration of oxide ions in perovskites occurs via a jump mechanism where an oxide ion
jumps from its site at the corner of the BO6 octahedron to a vacant site at a neigh-
bouring corner. Computer modelling shows that this jump occurs along the edge of the
octahedron in a pathway that is slightly curved away from the B-site cation [25]. The
larger the B-site cation, the larger is the curvature of the path.
Moving from one oxygen site to a vacant site, the oxide ion has to pass through a saddle
point bordered by one B-site cation and two A-site cations as illustrated in figure 4.1.
This is the narrowest place that the oxide has to pass through. Kilner and Brook [20]
introduced the concept of a critical radius, rcrit, which is the radius of the largest sphere
that can possibly pass through the saddle point when the positions of the A- and B-site
cations are fixed. They note that rcrit seem to be larger in oxygen conducting oxides
than in other oxides.
Cook and Sammels [26] focus on several other structural features that have been shown
to correlate with the activation energy. In addition to rcrit these are:
• An average metal-oxygen binding energy, Eb. The tighter the oxide ion is bound
to the metal cation, the larger is Ea.
• The lattice free volume Vf . This is the volume of the unit cell subtracted the
volume of the unit cell that is taken up by ions.
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Figure 4.1 Illustration of the saddle point and the concept of a critical radius, rcrit [20]
The anticipation is that from these 3 parameteres together with the Goldschmidt toler-
ance factor, t, (see section 3.1) it is possible to predict new oxygen conducting materials.
In a comparative study of a large number of ionic conducting perovskites, Hayashi et
al. [21] investigates the influence of t and Vf on the magnitude of the ionic conduc-
tivity. A tolerance factor close to unity is favourable, but they find that there is a
correlation between t and Vf so that t decreases to below unity when Vf increases.
Therefore a maximum in the conductivity should be found when t and Vf are correctly
balanced. This balancing occurs at t = 0,96. Their conclusions are not without excep-
tions, though. In some cases an increase in Vf does not enhance the conductivity.
In a study of the effects of changing the size of the A-site dopant cation in the perovskite
La0,6Sr0,4Co0,2Fe0,8O3 by partly replacing Sr with Ca or Ba, it is investigated whether
there is correlation between the parameters mentioned above and the diffusion [14]. No
clear correlation between D0V and a single one of the parameters are seen. In a review
by Mogensen et al. [27] the issue of finding the important parameters is again taken up.
First, they hope to limit the number of different features that are in play since several
of the features are calculated from the same two ionic radii (A- and B-site cations).
Second, they introduce the mass of the cations as a new variable. The reasoning is that
the thermal vibrations depend on the mass of the cations and the larger the vibrations,
the easier it is for the oxide ion to move through the saddle point. They conclude that
neither rcrit, t, Eb or the ionic masses can explain the observed trends in conductivities.
Instead they conclude that lattice stress is more important than the other parameters.
The lowest activation energy should be found in undistorted stressfree lattices. This is
achieved when the radii of the A-site ions are close to the radius of the oxide ion, which
is the case with La3+ and Sr2+. Also, the radius and size of the B-site cation should
be influential because of the strong interaction between this and the oxide ion.
From the discussion above it is evident that there is no simple way of explaining the
trends in ionic conductivities in perovskites. A lot of reasonable hypotheses are put
on the table but none of them are really succesful in making a global model explaining
trends in the observed conductivities on the basis of the characteristics of the constituent
ions. The suggested parameters should not be discarded, though, but instead serve as
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inspiration for new models. Clearly, the task of explaining and predicting conductivities
is quite complicated. This task is probably not easier in the case of the RP-type oxides
due to their more complex structures.
5 Synthesis, preparation and phase
composition characterization of samples
Everything related to the general preparation and characterization of the samples is de-
scribed in this chapter, including phase composition characterization and determination
of densities of the samples.
5.1 Sample preparation
In this section the preparation of the samples is described. The samples for ECR,
dillatometry, coulometric titration, TG and X-ray diffraction experiments were all pre-
pared from the same powder synthesized as described below. The TG, coulometric
titration and diffraction experiments use powder samples whereas for the ECR and
dillatometry experiments the powder was pressed into bars as described below.
0,1 mole of powder of each of the oxides were prepared from aqueous solutions of metal
nitrate salts by glycine-nitrate combustion [28]. The concentrations of the solutions
had been determined by gravimetry. The compositions of the synthesized powders and
the added amount of glycine in the synthesis solutions can be read from table 5.1. The
powders were calcined at 1000 ℃ for 24 hours. In order to be able to sinter dense
bars the powders were subsequently crushed into small particles having diameters in
the order of 1 µm using a planetary mill with YSZ1 balls. A slurry of the powders and
a methyl-ethyl-ketone/ethanol solution was milled in the planetary mill for 12 hours at
350 rpm in order to achieve the desired particle sizes. The resulting fine powders were
used for pressing dense bars.
The bars having dimensions of ca. 28×7×2 mm were pressed by putting 2 g of powder
in the template and applying a uniaxial pressure of 37 MPa for 30 seconds and an
Composition Glycine (g)
(La1,1Sr0,9)0,98Fe0,8Co0,2O4−δ 28,7
(LaSr)0,98Fe0,8Co0,2O4−δ 31,68
(La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ 31,27
(La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ 31,82
(PrSr)0,98Fe0,8Co0,2O4−δ 31,68
(Pr0,8Sr1,2)0,98Fe0,8Co0,2O4−δ 30,87
Table 5.1 The compositions of the synthesized powders and the added amount of glycine
1 Yttria Stabilized Zirconia
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Sample Density (g/cm3) % of theoretical density
La1,1Sr0,9 5,78 94,3 %
LaSr 5,83 96,3 %
La0,9Sr1,1 5,79 97,2 %
La1,2Sr0,8Mg 5,98 98,3 %
PrSr 6,01 95,7 %
Pr0,8Sr1,2 5,92 97,5 %
Table 5.2 Densities of the bars compared with the theoretical densities
isotropic pressure of 33 MPa for 60 seconds. The bars were subsequently sintered in air
at 1350 ℃ for 12 hours. After sintering the bars were polished on all surfaces to get rid
of surface layers and to determine the exact dimensions of the bars.
5.2 Characterization of samples
The phase composition of the bars was determined using X-ray diffraction. For each
sample, measurements were in the range 2θ = 20◦ − 70◦ in steps of 2θ = 0, 050◦. All
samples were determined to be singlephase having RP-structure. The diffractograms
are shown in appendix A.
The densities of the samples were determined from the dimensions of the bars and
compared with the theoretical densities which were calculated from the molar weights
of the samples and the volumes of the unit cells. The volumes of the unit cells were
determined using the structural parameters obtained from Rietveld refinement of X-ray
patterns of samples having the same compositions. The densities of the bars and their
fractions of the theoretical densities are listed in table 5.2.
6 Oxygen nonstoichiometry
The oxygen content of the materials is of great importance to the oxide diffusion prop-
erties and is therefore relevant to measure. As mentioned earlier the oxygen content is
not stable but varies with the pO2 of the surrounding atmosphere and the temperature.
To determine the oxygen contents of the different samples and their dependence on
pO2 and temperature, two experimental techniques, coulometric titration and Thermo-
Gravimetry (TG), are used. In this chapter these techniques are explained and the
results from the experiments are presented.
6.1 Description of thermogravimetry
The idea behind gravimetric techniques is simple: the mass of the sample is monitored
as the composition of the surrounding atmosphere and the temperature is changed.
As a consequence of these changes oxygen is taken up or lost by the sample thereby
changing the mass of the sample. In this way the pO2 and temperature dependence of
the oxygen content can be determined.
If the temperature is sufficiently high and the pO2 sufficiently low, the sample will de-
compose. Since this is accompanied by a significant mass loss in the form of oxygen, the
stability limit of the material can be established. If the reduction products are known,
the mass loss can be converted into an absolute value of the oxygen non-stoichiometry,
δ, instead of just changes in the oxygen non-stoichiometry, ∆δ.
∆δ can be calculated as:
∆δ =
∆m
mb
Mb
MO
(6.1)
where mb andMb are the initial mass and molar weight of the sample, ∆m = m−mb is
the change in mass andMO is the molar weight of oxygen. In the case of a decomposition
of the material, the initial value of δ is calculated as:
δ =
(
mb
ma
Ma −Mb,δ=0
)
1
MO
(6.2)
where ma andMa are the mass and molar weight of the reduction products andMb,δ=0
is the initial molar weight of the sample in the case where δ = 0.
6.2 Conducting the TG experiments
The TG experiments were made on a Netzsch 409 CD gravimeter with an alumina
sampleholder. Since the gravimeter is very sensitive and the expected mass losses are
relatively small, the measurements have to be corrected for the change in buoyancy that
25
26 Oxygen nonstoichiometry
the sample and sampleholder experience when the temperature and the gas composition
is changed. Also other temperature and gas related effects have to be corrected for.
Therefore, a correction measurement with the sampleholder filled with an inert material
(in this case alumina powder) is performed using the same measurement profile as for
the samples. When the measurements on the samples are performed, the volume of the
samples is the same as the volume of the alumina powder and therefore the samples
experience the same buoyancy as the alumina powder.
The powder samples used in the TG experiments were prepared by pressing and sin-
tering the calcined powder in air at 1350 ℃ for 12h and then cooling slowly to 500 ℃.
By cooling slowly it is anticipated that the oxygen content in the samples is close to
being in equilibrium with the surrounding atmosphere at 500 ℃. After cooling to 500
℃ the powder is cooled to room temperature at a faster rate, at which point no oxygen
exchange is expected to take place. The sintered pellets were crushed to powder and
used in the TG measurements. The amount of powder used in the each of the TG
measurements was ca. 80 mg.
A temperature and gas program was designed for the TG experiment where the sam-
ples are exposed to different temperatures and pO2s, while the mass of the samples is
monitored. The details of the temperature and gas program can be found in section
6.3. pO2s having values of 0.21, 0.11, 1.7 · 10−2 and 3.8 · 10−2 atm. were made by
mixing air and N2 while pO2s in the order of 10−31 to 10−15 atm. were obtained using
9%H2/N2 1. The total flow of gas was 100 ml/min and the pO2 was measured using a
zirconia oxygen sensor operating at 900 ℃. The temperature was varied between 500
and 1000 ℃ at each pO2 . At the end of the program the sample was heated to 1400 ℃
in 9%H2/N2 in order to reduce the sample to metals and metal oxides.
Determination of reduction products
The initial oxygen non-stoichiometry, δ, is calculated from the difference between the
initial mass of the sample and the mass of the reduction products using equation 6.2. In
order to do this it is necessary to know the composition of the reduction products. The
reduction products were determined from x-ray diffractograms recorded in the range
2θ = 20◦ − 60◦ in steps of 2θ = 0, 050◦.
The reduction products were identified as La2O3, SrO, La(OH)3, Sr(OH)2 ·H2O and
an alloy of Co and Fe. In the Pr-containing compositions Pr2O3 was identified instead
of La2O3 but no Pr(OH)3 was present. In samples where the diffractograms were
recorded soon after the TG reduction, no metalhydroxides were present meaning that
the reduction products reacts with atmospheric water vapour over time to form the
metalhydroxides. In all of the compositions except La1,2Sr0,8Mg there was no sign of
remaining A2BO4-structure nor perovskite structure. Interestingly, the La1,2Sr0,8Mg
sample was not fully reduced during the TG program. In addition to peaks from the
abovementioned reduction products, strong peaks from the initial A2BO4-structure
were present in the diffractogram. This means that La1,2Sr0,8Mg is somewhat more
stable under reducing conditions than the other compositions. Unfortunately, the fact
that the sample is not fully reduced means that δ can not be determined.
1 The pO2 of the 9%H2/N2 gas depends on the temperature and content of water vapour and varies
in this large interval even though the composition of the inlet gas is constant
6.3 Results from the TG experiments 27
Figure 6.1 Diagram showing the mass curve, the temperature and the pO2 during a TG
program. The sample is LaSr
6.3 Results from the TG experiments
The samples were subjected to a temperature and gas program as described above. At
the same time the mass of the sample was measured to record the effect of changing the
temperature and pO2 . A typical plot of the pO2 , temperature and mass loss is shown in
figure 6.1. It is seen that the mass of the sample is very constant throughout most of
the program untill the inlet gas is changed to 9%H2/N2 and the pO2 drops from 10−4
(N2) to 10−32 atm at 500 ℃. At this point there is a large decrease in the sample mass.
As the temperature is increased in the 9%H2/N2 flow, the sample gradually loses more
mass untill the temperature is close to 1000 ℃ where the sample mass starts dropping
continuously untill the mass reaches a minimum.
The interpretation of the diagram is: the oxygen non-stoichiometry varies only very
little in the pO2 range 0, 21 − 10−4 atm within the temperature interval 500-1000 ℃.
As the gas is changed from N2 to 9%H2/N2 at 500 ℃ the sample releases significant
amounts of oxygen from the crystal lattice. Between 900 and 1000 ℃ in 9%H2/N2 the
sample starts decomposing.
Not much information can be gained from the first part of the diagram untill the gas is
changed to 9%H2/N2 apart from the high stability of the oxygen content as tempera-
ture and pO2 are varied. All the valuable information is obtained from the last part of
the massloss curve.
28 Oxygen nonstoichiometry
Sample ∆m (mg) δ
La1,1Sr0,9 −5, 7± 0, 2 0, 03± 0, 06
LaSr −5, 6± 0, 1 0, 07± 0, 03
La0,9Sr1,1 −5, 9± 0, 2 0, 08± 0, 05
PrSr −5, 6± 0, 2 0, 13± 0, 06
Pr0,8Sr1,2 −6, 3± 0, 2 0, 07± 0, 05
Table 6.1 Mass loss at total reduction of the samples and initial oxygen non-stoichiometry.
Initial oxygen non-stoichiometry
The oxygen non-stoichiometries of the samples have to be defined relative to some
starting point. Naturally, this would be chosen as the starting point of the measurement
and the non-stoichiometries would then be calculated from the mass changes relative to
the mass at this point. Unfortunately, some unexplainable variations in the mass curves
take place between the start of the program and the shift to 9%H2/N2. In many of the
measurements an upward drift in the mass is seen which most probably is due to some
measuring error of the instrument. Using the mass loss relative to the first measurement
point would then introduce some quite large errors in the calculated δ-values. Instead,
the reference mass was chosen as the mass of the sample at 500 ℃ in N2. Since no
apparent change in the mass of the samples happens as the gas is changed from air to
N2, it is assumed that the oxygen content of the samples in air is the same as in N2.
The results from the coulometric titrations support this assumption.
The initial oxygen non-stoichiometry, δ, of the samples is calculated from the difference
in the mass of the samples in N2 at 500℃ and the mass of the reduction products using
equation 6.2. The mass losses and the calculated values of δ are seen in table 6.1. There
are some very large relative uncertainties in ∆m. These are estimated from the errors
in the correction measurement and from the apparent drift in the mass. Two correction
measurements were made and the error resulting from the correction measurement is
estimated as the difference in ∆m determined using either of the measurements as
correction. The drift error is calculated from the apparent drift during the program
untill the gas is changed to 9%H2/N2. The error resulting from the drift is estimated
as the drift rate times the timespan from the change to 9%H2/N2 untill the sample is
fully reduced.
Even though the errors in ∆m are quite small, they still have a significant impact
on the errors on the δ values. For the La samples it seems like there is an increased
oxygen non-stoichiometry with increasing Sr content, while the opposite seems to be the
case for the Pr samples. Unfortunately, the errors are so large that nothing conclusive
can be said about any trends in the samples. The samples seem to be slightly oxygen
sub-stoichiometric within the estimated errors except in the case of La01,1Sr0,9 which
might even be hyper-stoichiometric.
Loss of oxygen in 9%H2/N2
As the gas is changed from N2 to 9%H2/N2 at 500 ℃ a significant mass loss is seen in
all samples. As the temperature is increased in steps, the mass loss increases in steps
untill the temperature is increased to 1000 ℃ where the sample masses drop without
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Figure 6.2 Change in oxygen non-stoichiometry of the samples as the gas is changed from N2
to 9%H2/N2
stabilizing at any point. The mass losses are converted to oxygen non-stoichiometries
and shown in figure 6.2. A clear correlation is seen between the Sr content and the
amount of oxygen lost as the gas is changed. ∆δ increases by approximately 0,04
units for an increase in the Sr content by 0,1. But as the temperature is increased
all of the samples except La1,2Sr0,8Mg lose similar amounts of oxygen every time the
temperature is increased 100℃. The increased oxygen loss with increased Sr content can
be rationalized by assuming that all samples at atmospheric pO2 more or less have the
same oxygen non-stoichiometry. Due to the electroneutrality requirement the oxidation
states of the 3d metals must then increase with increasing Sr content. A higher initial
oxidation state makes it easier to reduce the sample and this is what is seen in figure
6.2. If this "excess" oxidation state of the Sr rich samples disappear at the change
to 9%H2/N2 such that all samples under these conditions have the same 3d metal
oxidation state, then the increase in ∆δ with Sr content, ∂∆δ∂[Sr] would equal 0,5 which
is close to the observed value of 0,4. In other words: at atmospheric pO2 an increased
doping with Sr results in a higher oxidation state of the 3d metals whereas the result
under very reducing conditions (9%H2/N2) is increased formation of oxygen vacancies.
There is a tendency for the Sr rich samples to start decompose at lower temperatures
than the samples with less Sr. F.ex. Pr0,8Sr1,2 loses a relatively large amount of
oxygen at the temperature change from 700 to 800 ℃ and the mass does not stabilize
at a plateau at 900 ℃ meaning that a total reduction of the sample is taking place
before 900 ℃ in 9%H2/N2. In contrast, La1,1Sr0, 9 and La1,2Sr0,8Mg are stable at
1000 ℃. The high stability of La1,2Sr0,8Mg, which is the only sample that did not
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become fully reduced in the TG program, is apparent in the plot of ∆δ (in figure 6.2)
that hardly changes with temperature.
6.4 Conclusions from TG
The results of the TG experiments can be summarized as:
• The oxygen content of all samples is very stable at temperatures up to 1000 ℃
and in pO2s down to ≈ 4× 10−4 atm (N2). No change in oxygen content can be
measured within this temperature and pO2 interval with the equipment used.
• The initial values of δ seem to increase with Sr content in the La samples but
decrease with Sr content in the Pr samples. However, the errors in the mass mea-
surements are too large for anything conclusive to be said regarding the trends in
the oxygen non-stoichiometry. All that can be concluded is that the samples, with
the exception of La1,1Sr0,9 and La1,2Sr0,8Mg, are slightly sub-stoichiometric.
• The higher the Sr content, the larger is the increase in δ at the gas change from
N2 to 9%H2/N2. This is irrespective of the type of the A-site cation. Only
La1,2Sr0,8Mg does not follow this linear trend.
• The samples start decomposing in 9%H2/N2 at temperatures between 800 and
1100 ℃. The stability seems to decrease with increasing Sr content.
• The behaviour of La1,2Sr0,8Mg differs significantly from the other samples. It
exhibits a higher stability than the rest of the samples and as the only sample it
retains part of its original structure after being exposed to 9%H2/N2 at 1400 ℃
for several hours.
6.5 Description of coulometric titration
Coulometric titration is a technique employed for measuring how much oxygen the
sample releases or takes up as the temperature and/or the pO2 of the surroundings
is changed. In this way the resulting change in oxygen non-stoichiometry, δ, can be
mapped as a function of pO2 and temperature. The sample is placed in a closed com-
partment from which oxygen can be pumped in and out. The amount of oxygen released
from the sample can then be calculated by monitoring the pO2 inside the compartment
after a known amount of oxygen have been pumped out.
The oxygen pump
The compartment consists of a YSZ2 cup and a YSZ lid sealed to the cup. YSZ conducts
oxide ions but not electrons. When a voltage difference is being applied across the
compartment wall, oxygen ions will be pulled through the wall by the electrical field.
Depending on the sign of the voltage, the ions will either migrate towards the inside of
the cup or towards the outer surface. At the surface the following reaction takes place
(in one of the directions):
O2−  1/2O2 + 2e− (6.3)
As seen from equation 6.3 two electrons need to be supplied at one side of the wall and
removed from the other side to pump one oxygen atom out of the cup. These electrons
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are delivered by the two electrodes placed at the inner and outer side of the cup. It
is these electrodes that apply the voltage drop across the wall and pulls the oxide ions
through the wall. Since these electrodes are pumping oxygen in and out of the cup
they will be referred to as the working electrodes. By measuring the electrical current
running to and from these electrodes, the number of electrons delivered and the amount
of oxygen pumped in/out can be calculated:
nO =
Q
2F
=
∫
Idt
2F
(6.4)
F is the Faraday constant, t is the time and nO is the moles of oxygen atoms pumped
in or out.
Measuring the pO2
The pO2 inside the cup is monitored by measuring the voltage drop between another
set of electrodes placed inside and outside the cup. These electrodes are called the
reference electrodes and are not in electric contact with the working electrodes. The
physical explanation relating the pO2 inside the cup to the voltage drop between the
reference electrodes, Vref , is as follows:
When there is a difference in the pO2 between the inside and the outside of the cup,
oxygen will start migrating from the high pO2 to the low pO2 side due to the difference
in the chemical potential. The chemical potential of oxygen is defined as:
µO2 = µ
	
O2
+RT ln
(
pO2
p	O2
)
(6.5)
where µ	 and p	O2 is the standard oxygen chemical potential and standard pO2 respec-
tively.
As oxygen passes through the cup wall as oxide ions, electrons are received at one side
and deposited at the other side as described by equation 6.3. The electrons can not
move through the YSZ and thus the charges build up on both sides creating a gradient
in the electric potential, ∇φ across the wall. This electric potential gradient creates an
electrical force on the ions that counters the force that the ions experience due to the
gradient in the chemical potential ∇µO2 . At equilibrium these two forces cancel each
other and the flux of oxygen through the cup wall stops. The pO2 corresponding to a
given potential difference can now be calculated:
∇µO2 = −4F∇φ⇔ (6.6)
µO2,in − µO2,out = 4F (Vout − Vin)⇔ (6.7)
RT ln
(
pO2,in
pO2,out
)
= 4FVref (6.8)
The number 4 stems from the 4 negative charges (2×O2−) that have to pass through the
wall for each O2 molecule that is diffusing through the wall. The in and out subscripts
refer to the inner and outer side of the cup. pO2,out = 0, 21 atm is the oxygen partial
pressure of the atmosphere.
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Figure 6.3 The experimental setup for coulometric titration
Figure 6.4 The electrical circuit connecting the working electrodes of the cup to the DC
current source
Coulometric titration setup and experimental procedure
An illustration of the experimental setup for coulometric titration is shown on figure
6.3. The closed compartment consists of a YSZ cup placed upside down on a YSZ lid.
The compartment is sealed with a glass paste that melts above a transition temperature
and forms a highly viscuous liquid which should effectively seal the compartment. The
glass is coloured grey on the figure. Approximately 1,5 g. of the powder sample is
placed in an alumina cup placed inside the closed compartment as seen on the figure.
The inner and outer surfaces are partially spraypainted with LSM3 on which a thin
layer of platinum paste is added. These painted areas form the electrodes. Platinum
wires are connected to the electrodes.
The working electrodes of the cup are connected to a DC current source through a
electrical circuit as shown on figure 6.4. In the electrical circuit there are two switches
and a resistor. The two switches can be closed and opened simultanesously to provide or
cut off the current to the working electrodes. The current running through the working
electrodes are measured from the voltage drop, IR, across the resistor. The voltages IR
and Vref are automatically recorded approximately every 10th second and stored in a
file. The resistor has a resistance of 100Ω and the current running through the closed
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circuit was typically 3 - 9 mA.
Coulometric titrations were simultaneously conducted on three different samples in
three different cups. Each of the cups was connected to its own electrical circuit and
current source as described above. All three cups were placed in the same oven.
Experimental procedure
Coulometric titration cycles were performed at different temperatures. For each cycle
the temperature was kept constant and oxygen was pumped out of the cups in steps.
Each pumping step lasted between 5 minutes and 1 hour and after the pumping the
sample was left to equilibrate for typically a few hours before the next pumping step.
In this way the pO2 inside the cups was decreased in steps untill a minimum in pO2 was
reached. Then oxygen was pumped back into the cups untill the starting point of the
titration cycle was reached.
The minimum value in pO2 was restricted by the stability of the inner LSM electrode.
At a certain low pO2 this will start decomposing and the electrode will be destroyed.
This stability point was estimated from an extrapolation of stability data measured by
Atsumi & Kamegashira [29].
To determine the oxygen exchange during heating or cooling of the sample, the circuit
was kept open during heating or cooling sequences, so that no oxygen would pass
through the cup walls. When the desired temperature was reached, oxygen was pumped
in/out untill the pO2 equalled the pO2 before the temperature change began. From the
number of charges pumped in/out of the cup, the oxygen exchange during temperature
changes can be calculated.
6.6 Results from the coulometric titration
Corresponding values of δ and pO2 can be calculated from the total current pumped
through the cup and the reference voltage using equation 6.4 and 6.8. However, the
data should be corrected for the inital amount of gaseous oxygen in the cups and leaks
in the cups.
The corrections for leaks were made under the assumption that the leak rate is constant
throughout the titration cycle. By performing a full coulometric cycle where oxygen is
being pumped back into the cups to reach the starting pO2 , the total amount of oxygen
pumped in and the total amount of oxygen pumped out can be found. The amount of
oxygen pumped back into the cup is a little smaller than the amount of oxygen pumped
out due to the oxygen leaking into the cup throughout the cycle. From this difference
an average leak rate was calculated.
There is a somewhat large uncertainty in the correction for the inital amount of gaseous
oxygen in the cup because only the pO2 and not the total pressure inside the cup
is known. It was assumed that the total pressure inside the cup was 1 atm at all
temperatures.
For each pumping step one set of corresponding values of δ and pO2 was calculated. δ
was calculated from the total amount of oxygen pumped out of the cup and corrected
for leaks and the initial amount of gaseous oxygen in the cup. The pO2 was recorded
after the sample had equilibrated - that is, just before the next pumping step began.
Values of δ as a function of pO2 obtained from the coulometric titration experiments
are shown in figures 6.5 to 6.7. The leak corrections are half the heights of the error
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Figure 6.5 δ in La1,1Sr0,9 as a function of pO2 . Open symbols are obtained from coulometric
titration, solid symbols are TG data. Lines show the best fits of the defect model
bars. The lines on the figures show the best fits of the defect model described in section
6.7 to the coulometric titration data. The solid symbols show the relevant results from
the TG experiments. Unfortunately, only one coulometric titration was performed on
La1,1Sr0,9 before experimental problems occured.
Only the change in oxygen nonstoichiometry, ∆δ, are measured in the coulometric
titration. To determine the absolute value of δ a reference point is needed. Usually
such a reference point is determined from a TG experiment but since the errors on the
initial oxygen nonstoichiometry, δ0, obtained from the TG experiments are very large,
it makes no sense to do this in the present case. Instead it is assumed that δ0 is very
close to 0 and the absolute values of δ are calculated using this assumption.
The shape of the curves in figures 6.5 - 6.7 are similar, starting with a plateau at pO2
= 0,21 atm and tend to bend towards another plateau at the lowest pO2 . There is a
small deviation between the results from the coulometric titration and the TG data,
which are also plotted in the figures. There is a tendency for the TG experiments to
yield smaller values of δ than the coulometric titrations.
All samples are more prone to releasing oxygen as the temperature is increased, meaning
that the enthalpy of reduction is positive.
A comparison of the results from the three samples measured at 820 ℃ is shown in
figure 6.8. It is observed that an increased Sr content increases the oxygen loss as the
pO2 is lowered. This is in accordance with the conclusions from the TG.
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Figure 6.6 δ in LaSr as a function of pO2 . Open symbols are obtained from coulometric
titration, solid symbols are TG data. Lines show the best fits of the defect model
Figure 6.7 δ in La0,9Sr1,1 as a function of pO2 . Open symbols are obtained from coulometric
titration, solid symbols are TG data. Lines show the best fits of the defect model
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Figure 6.8 Comparison of oxygen non-stoichiometry for the three samples measured at 820
℃.
Temperature dependence of δ in air
On the figures 6.5 - 6.7 it looks as if all δ values are 0 at atmospheric pO2 irrespective
of temperature and sample. This value has been chosen as reference value because no
reliable reference values for δ could be obtained from the TG measurements. From
the TG measurements no change in δ with temperature at atmospheric pO2 could be
determined either. But from the coulomtric titration experiments a small decrease in δ
as the temperature is increased can be detected. Due to the quite small δ changes there
is considerable errors associated with the changes. A plot of the changes in δ as the
temperature is increased from 640 ℃ to 910 ℃ in atmospheric pO2 is shown in figure
6.9. The oxygen loss as the temperature is increased seem to increase with increasing
oxygen content, but even in La0,9Sr1,1 the increase in δ is less than 0,01.
6.7 Defects
No crystal is perfect and there will always exist some defects in the crystal. Defects
can also be deliberately introduced into the structure by doping with aliovalent ions.
The concentration and the type of defects depends on many factors including dopant
concentration, temperature and pO2 . The defects in the materials can be described us-
ing a defect model. Different defect models can be constructed to explain the variation
in defect concentrations with f.ex. temperature and pO2 . The validity of the different
defect models can by evaluated by comparing their predictions with experimental re-
sults. The defect model can then provide information about the kind of defects that
are present in the material.
In this section the results from the TG and coulometric titration experiments will be
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Figure 6.9 Changes in δ with temperature relative to δ at 640 ℃. In the case of La1,1Sr0,9
∆δ is relative to δ at 730 ℃
Defect Description
Fe•Fe Fe
4+ at Fe3+-site
Fe′Fe Fe
2+ at Fe3+-site
Co•Co Co
4+ at Co3+-site
Co′Co Co
2+ at Co3+-site
V ••O Oxygen vacancy
O′′i Interstitial oxygen in rocksalt layer
Sr′La Sr
2+ at La3+-site
Table 6.2 The defects considered to be relevant in the materials.
used to elucidate what kind of defects that are present in the materials and how their
concentrations vary with the pO2 , Sr doping and temperature.
Defect models
To describe the defects, the composition (La1,1Sr0,9)0,98Fe0.8Co0,2O4 is chosen as ref-
erence material. In this composition La ions are trivalent, Sr ions are divalent and Fe
and Co ions are trivalent. Many different kinds of defects can be assumed to occur in
the material. Some of the defects that are considered most likely to exist in the investi-
gated materials are listed in table 6.2. [Sr′La] is already known from the stoichiometric
formula of the materials.
The simplest defect model that can be constructed is the one where oxygen leaves the
material and forms oxygen vacancies while the Co and/or Fe ions are being reduced.
In the case of Co this is described by the following equations and their equilibrium
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constants:
OxO + 2Co
•
Co 
 1/2O2(g) + 2CoxCo + V ••O , K1 =
[CoxCo]
2[V ••O ][pO2 ]
1/2
[Co•Co]2[O
x
O]
(6.9)
OxO + 2Co
x
Co 
 1/2O2(g) + 2Co′Co + V ••O , K2 =
[Co′Co]
2[V ••O ][pO2 ]
1/2
[CoxCo]2[O
x
O]
(6.10)
Similar equations can be written for Fe. In addition to these two equilibrium constants
the following equations describing site conservations can be written:
[Co•Co] + [Co
x
Co] + [Co
′
Co] = 0, 2 (6.11)
[Fe•Fe] + [Fe
x
Fe] + [Fe
′
Fe] = 0, 8 (6.12)
[OxO] + [V
••
O ] = 4 (6.13)
The last equation needed is the equation of electroneutrality:
2[V ••O ] + [Co
•
Co] + [Fe
•
Fe] = [Co
′
Co] + [Fe
′
Fe] + [Sr
′
La] (6.14)
The term [Sr′La] is known for each composition.
Equations 6.9 to 6.14 constitute a system of 8 equations with 13 unknowns when the
equilibria for the reduction of Fe corresponding to equations 6.9 and 6.10 are included.
In the TG and coulometric titration experiments δ = [V ••O ] is obtained as a function
of pO2 . The model composed of the 8 equations above can now be used to fit the
experimental data using K1 and K2 plus the corresponding equilibrium constants for
the reduction of Fe as fitting parameters.
The model can be simplified assuming that Fe only exists as Fe3+. This model where
Co may exist as Co2+, Co3+ and Co4+ and Fe exists only as Fe3+ will be referred to
as model 1. As it is argued in subsection 6.7, another model is also possible. Fe may
initially exist as Fe4+ and be reduced to Fe3+ as the pO2 is lowered. In this model,
which will be referred to as model 2, Fe may exist as Fe3+ and Fe4+ and Co as Co2+
and Co3+. A model involving the ions Fe3+, Fe4+, Co2+, Co3+ and Co4+ may also be
a plausible model, but due to the introduction of an extra fitting parameter, problems
arise when trying to fit the data. As is shown on figures 6.5 - 6.7 model 1 is capable
of fitting the experimental data to a satisfactory degree. The fits of model 2 are not
shown but they are very similar to those of model 1.
Justification of the chosen defect models
Just because the chosen defect models are capable of fitting the experimental data, this
is no guarantee that they are the best models. One may imagine other defect models
that could be tested. However, several observations suggest a defect model where Co is
being reduced to Co2+ while Fe exists as Fe3+ or Fe4+. An alternative to the chosen
model is a model where Fe or maybe a combination of Fe and Co is being reduced to
Fe2+ and Co2+. But such a model would not be able to explain the relative positions of
the high pO2 plateau and the low pO2 plateau. With a little bit of imagination one can
on the figures 6.5 - 6.7 see that the difference in δ between these two plateaus is ≈ 0, 10,
≈ 0, 15 and ≈ 0, 20 in La1,1Sr0,9, LaSr and La0,9Sr1,1, respectively. The reduction of
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Co3+ to Co2+ can account for ∆δ = 1× 0, 2 × 0, 5 = 0, 1 while the reduction of Co4+
to Co3+ or the reduction of Fe4+ to Fe3+ can account for the rest of the difference in
δ. If Fe3+ is being reduced to Fe2+ one would expect a ∆δ between the plateaus of at
least 1×0, 8×0, 5 = 0, 4. This difference would be even larger if the Fe and Co initially
existed as Fe4+ and Co4+. The conclusion is that reduction of Fe to Fe2+ does not
take place. Therefore the two defect models described in subsection 6.7 are chosen.
Fitting procedure
The model is fitted to the experimental data using a sequential method where the two
equilibrium constants, K1 and K2, are adjusted to provide the best fit. Without going
too much in detail about the fitting procedure, the sequential method can be described
by the following steps:
1. Initial values of K1 and K2 are chosen.
2. From the experimental values of δ and the values of K1 and K2 guessed upon in
step 1, the concentrations of the defects and the pO2 at every δ value are calculated
using equations 6.9 to 6.14.
3. The deviation between the calculated pO2s and the experimental pO2s are calcu-
lated.
After step 3 new values of K1 and K2 are chosen and steps 2 and 3 are repeated. This
procedure is repeated over and over untill the K1 and K2 that minimizes the deviation
between the calculated and the measured pO2s are found. This is considered the best
fit.
As a measure of the deviation between the calculated and the measured pO2s, a weighted
sum of squared deviations are chosen. This measure of the deviation is calculated as
shown in equation 6.15.
deviation =
∑
(δ − δ0)
(
pmeasO2 − pcalcO2
)2
, (6.15)
where δ0 is the oxygen nonstoichiometry at the high pO2 plateau which is 0. The reason
why the deviation is weighted by the factor δ − δ0 is because of the very small change
in δ with pO2 close to the plateau. This means that even very small deviations on the
δ values (vertical deviations on the figures 6.5 - 6.7) give rise to large deviations in the
pO2 (horizontal deviations on the figures). This would imply that the fitting procedure
would put too much effort into fitting the datapoints close to the plateau. Multiplying
the deviation with the factor δ − δ0 weights the datapoints close to the plateau less.
Comparison of defect models 1 and 2
In general defect model 1 and defect model 2 are able to fit the data pretty well. There
is no remarkable difference in the ability of the two models to fit the experimental data.
Sometimes the fits are very similar and sometimes there is a small difference between
the fits of the two models. Two extreme examples are shown in figure 6.10. In the
example shown on the left figure, model 1 and 2 provides almost identical fits to the
experimental data whereas considerable differences are seen on the right figure and it
is clear that model 1 provides the best fit. In general the fitting curve of model 1 has
a tendency to bend away from the high pO2 plateau at higher pO2s than model 2.
A method for comparing the quality of the fits of the 2 models is to compare the χ2
40 Oxygen nonstoichiometry
Figure 6.10 Examples of fits of model 1 and 2 to data from the coulometric titration on LaSr
at 545 ℃ (left) and La0,9Sr1,1 at 820 ℃ (right).
Figure 6.11 χ2 values of the two model fits to experimental data at different temperatures.
Left: LaSr. Right: La0,9Sr1,1
values4. These are shown for the samples LaSr and La0,9Sr1,1 in figure 6.11. From
both figures it is clear, that model 1 is the best model to fit the data. In the case of
LaSr there are only small differences between the quality of the fits of the two models,
but in the case of La0,9Sr1,1 the χ2 values of the model 1 fits are approximately twice
as small as those from the model 2 fits.
Defects
Even before the defect model has been fitted to the experimental data, a few things
can be said about the concentration of defects in the materials. In the defect model 1
it is assumed that [Fe•Fe] = [Fe′Fe] = 0 and that initially [V ••O ] = δ = 0. Then it is
simple to calculate the intial concentrations of Co3+ and Co4+ from equation 6.14 and
4 χ2 is calculated the usual way except from the introduction of the weighing factor δ− δ0 in the sum
of squared deviations
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Sample [Sr′La] [CoxCo] [Co•Co] δ at plateau
La1,1Sr0,9 0 0,2 0 0,1
LaSr 0,098 0,102 0,098 0,149
La0,9Sr1,1 0,196 0,004 0,196 0,198
Table 6.3 Initial values of [CoxCo] and [Co•Co] according to model 1. The last column shows
the position of the plateau at which all Co has been reduced to Co2+
Figure 6.12 Left: The percentage of Co ions existing as Co2+, Co3+ and Co4+ as a function of
pO2 calculated using model 1. Right: The defect concentrations calculated from model 2. In
both figures the defect models are fitted to the coulometric titration data of LaSr measured
at 820 ℃
6.11 if it is further assumed that the concentration of Co2+ is initially 0. A plateau
in the δ − pO2 curve should be seen when all the Co has been reduced to Co2+. The
value of δ at this point can be calculated from equation 6.14. These simple results are
summarized in table 6.3.
From the fitted defect models, the concentrations of the defect species can be calculated
throughout the pO2 range. An example of how the fractions of Co in different oxidation
states change throughout the pO2 range is shown to the left in figure 6.12. The defect
concentrations are calculated from model 1. If model 2 is used instead, the defect
concentrations vary as shown to the right in figure 6.12. Looking at the left figure
which is made using model 1, it is seen that at atmospheric pO2 Co3+ and Co4+ are
present in almost equal amounts. As the pO2 is lowered, Co4+ is gradually being reduced
to Co3+. At pO2s below 10−8 atm Co starts being reduced to Co2+ as well. Model
2 describes the same experimental data by a simultaneous reduction of Fe4+ to Fe3+
and Co3+ to Co2+. This is shown on the right figure.
Extrapolating the models to other temperatures
Two defect models have been constructed from the coulometric titration data measured
at different temperatures. From these models the defect concentrations can be calcu-
lated at various pO2s, but only at the temperatures at which the coulometric titraton
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Figure 6.13 γ of La0,9Sr1,1 calculated as a function of pO2 at different temperatures using
model 1
data have been measured. Most of the ECR experiments are performed at higher tem-
peratures than the coulometric titrations and it would therefore be useful to extrapolate
the defect models to other temperatures in order to calculate the defect concentrations
at these temperatures.
This extrapolation is made from the temperature dependence of the two equilibrium
constants, K1 and K2. From each of the temperatures at which the coulometric titra-
tions were performed, a pair of equilibrium constants are obtained. The change in
Gibbs free energies, ∆G	, associated with the redox reactions are calculated from the
equilibrium constants using the relationship ∆G	 = −RT lnK. Linear regression of
the plot of the values of ∆G	 as a function of temperature yields the enthalpy and
entropy of oxidation using the linear relation ∆G	 = ∆H	 − T∆S	. Now that ∆H	
and ∆S	 have been determined, ∆G	 and thereby K can be calculated at any given
temperature. From the extrapolated equilibrium constants the defect concentrations
can be determined. In this way the defect concentrations were calculated at the temper-
atures at which the ECR experiments were performed. This enables us to investigate
how the electrical and ionic conductivities are related to the defect chemistry.
The thermodynamical factor γ
The thermodynamical factor, γ = 12
∂ ln pO2
∂ ln cO
, was calculated from the defect concentra-
tion, [OxO], obtained from model 1. An example of how γ varies with temperature and
pO2 is shown in figure 6.13. Due to the very small change in δ with pO2 at low tem-
peratures and high pO2 , γ attains very big values at these conditions. At intermediate
pO2s γ is around a few hundred at all temperatures. The calculated γ values are used
in the conversion of Dchem to D and DV .
7 Oxygen diffusion
This chapter is devoted to the experiments employed for the determination of the oxygen
diffusion in the investigated compositions. The first part of the chapter presents the
principles behind the experimental method used in this investigation, namely Electrical
Conductivity Relaxation (referred to as ECR). Next, the experimental setup and the
conduction of the experiments are described. Typical experimental data are presented
and examples of how the diffusion parameters, Dchem and kex, are extracted from the
raw data are shown. The experimentally determined values of Dchem and kex as well
as data of the electrical conductivity are presented and finally the reliability and the
challenges of ECR are discussed.
ECR measurements were made on La1,1Sr0,9, LaSr and La0,9Sr1,1.
7.1 Description of Electrical Conductivity Relaxation (ECR)
ECR is used for the determination of the diffusion parameters, D 1 and kex, for the
oxygen diffusion in the bars when the diffusion is driven by a gradient in the oxygen
concentration. This gradient is created by letting the bar equilibrate at a certain pO2
and then abruptly change the pO2 . At the same time the electrical conductivity, σ, of the
sample is measured as it equilibrates at the new pO2 . The oxygen content of the sample
depends on the pO2 and when the pO2 is lowered the oxygen diffuses out of the sample.
As the oxide ions leaves the sample in the form of oxygen, electron holes are annihilated
in the sample resulting in a change in the conductivity of the sample. Therefore, by
measuring the electrical conductivity the change in oxygen content can be monitored
as the sample equilibrates or relaxes. The rate at which the oxygen content changes
can be described by the diffusion coefficient, D, and the surface exchange coefficient,
kex. From the shape of the relaxation curve (a plot of σ as a function of time) it is
possible to determine these 2 diffusion parameters. This technique has been employed
with success in several investigations of perovskites [30, 31, 22]. In the following the
relations between the diffusion parameters and the shape of the relaxation curve are
outlined.
The diffusion equation and its solutions
The samples have the shape of a rectangular box, elongated along the z-axis, as shown
on figure 7.1. Solving the diffusion equation with the right boundary conditions can
provide us with the oxygen concentration, c, in the sample at any position and time.
As a starting point we will take a look at the one-dimensional case and then expand
1 in this section, 7.1, the chemical diffusion constant, which in the rest of this report is referred to as
Dchem, will be referred to as D in order to make it easier to read the equations in this section
43
44 Oxygen diffusion
the solution to two dimensions.
Fick’s second law states that
∂c
∂t
=
∂
∂x
(
D
∂c
∂x
)
= D
∂2c
∂x2
(7.1)
where the second equality sign is only valid if D is independent of concentration and
position. This is assumed in the following derivations.
Before the relaxation starts the concentration in the sample is uniform and is denoted
c0 (equation 7.2). Because of the symmetry of the sample the boundary condition in
equation 7.3 is also valid. Orego in the coordinate system is chosen to be in the center
of the sample such that the edges have the coordinates ±lx.
c(x, 0) = c0 (7.2)
∂c
∂x
∣∣∣∣
x=0
= 0 (7.3)
In addition to these 2 boundary conditions, a boundary condition for the surface has
to be defined. In other relaxation experiments it has been assumed that oxide ions
residing on the surface leave the sample at a rate that is proportional to the difference
between the equilibrium concentration, c∞, and the actual concentration at the surface,
cs(t) [2, p. 506]:
jex = kex(cs(t)− c∞) (7.4)
If there is no accumulation of oxide ions on the surface, the flux of oxide ions from the
bulk of the sample towards the surface, j, must equal the flux of oxide ions leaving the
surface. This yields the third boundary condition:
j = jex (7.5)
−D ∂c
∂x
∣∣∣∣
x=±lx
= kex(cs − c∞) (7.6)
Using the 3 boundary conditions in equations 7.2, 7.3 and 7.6, the solution to Fick’s
second law in equation 7.1 can be found. Since the measurements are not able to
determine the local conductivities in the sample but only the total conductivity of the
sample, a solution providing the concentration as a function of position and time, c(x, t),
is too detailed for the present purpose. To obtain the total amount of oxide ions in the
sample as a function of time only, the expression for c(x, t) is integrated with respect
to x from −lx to +lx. The result is [32, p. 60]:
Mt
M∞
= 1−
∞∑
n=1
2L2x exp(−β2nDt/l2x)
β2n(β2n + L2x + Lx)
(7.7)
where MtM∞ is the fractional change of diffused oxide ions.
Mt
M∞
is 0 at t = 0 and at
t = ∞ the fractional change is 1, that is, the sample has fully relaxed. Appearing in
equation 7.7 are also
β tanβ = Lx (7.8)
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and
Lx =
lxkex
D
(7.9)
Equation 7.7 describes the diffusion in one dimension but in the experiment the diffusion
takes place in 3 dimensions. To simplify the problem of describing the diffusion in 3
dimensions, it is assumed that the length of the sample (2lz on figure 7.1) is much longer
than the widths of the sample (2lx and 2ly on figure 7.1) such that the diffusion in the
z-direction is negligible. To achieve the solution to the 2-dimensional problem, the sum
in equation 7.7 should be multiplied by the corresponding sum for the y-direction:
Mt
M∞
= 1−
∞∑
n=1
2L2x exp(−β2nDt/l2x)
β2n(β2n + L2x + Lx)
∞∑
n=1
2L2y exp(−β2nDt/l2y)
β2n(β2n + L2y + Ly)
(7.10)
Determination of D and kex from the conductivity relaxation curve
Now that the diffusion of oxide ions has been modelled, the change in the concentration
of oxide ions needs to be related to some measurable quantity, which in this case is
the electrical conductivity, σ. The conductivity of the material is dominated by p-
conduction and a change in the concentration of holes will have a significant effect on
the conductivity. When there is an exchange of oxygen/oxide ions between the sample
and the atmosphere the concentration of holes in the sample is altered as described by
equation 7.11.
1/2O2(g) + V ••O 
 O×O + 2h• (7.11)
Now, assuming that the mobility of the charge carriers (h•) does not depend on the
concentration of charge carries, it can easily be shown that the total conduction of the
sample is independent of the distribution of charge carriers and solely depends on the
total number of charge carriers [31]. Therefore, there is a linear relation between the
conductivity of the sample and the amount of diffused oxide ions. This means that the
amount of diffused oxygen in equation 7.10 can be replaced by the measurable total
conductivity of the sample:
Mt
M∞
=
σ(t)− σ(0)
σ(∞)− σ(0) = 1−
σ(t)− σ(∞)
σ(0)− σ(∞) (7.12)
such that
σ(t)− σ(∞)
σ(0)− σ(∞) =
∞∑
n=1
2L2x exp(−β2nDt/l2x)
β2n(β2n + L2x + Lx)
∞∑
n=1
2L2y exp(−β2nDt/l2y)
β2n(β2n + L2y + Ly)
(7.13)
where σ(0) and σ(∞) are the conductivities just before and after the relaxation, respec-
tively. By fitting equation 7.13 to the measured conductivities, values of D and kex are
obtained.
7.2 Experimental setup
The experimental setup was made at Risø. The samples for ECR were cut into rectan-
gular rods having a cross section around 2×2 mm. The surfaces of the rods were ground
smooth and finally polished with 1µm diamond paste. The conductivity measurements
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Figure 7.1 Illustration of the 4 electrodes on the sample
Figure 7.2 Part of the experimental setup for the ECR
were performed by the DC four-point technique using 4 platinum electrodes mounted on
the sample. As shown on figure 7.1 two of these electrodes supply a current, I, running
through the sample while the remaining 2 electrodes measure the voltage drop, U , over
the sample. The conductivity of the sample can then be calculated using equation 7.14
σ =
lUI
4lxlyU
(7.14)
where the dimensions lx and ly are shown on figure 7.1. lU is the distance between the
voltage probes Uin and Uout. The sample was mounted on an alumina sample holder
placed at the end of an alumina tube as sketched on figure 7.2. The wires for the
conductivity measurements were inside the alumina tube. All of this was contained in
a glass tube with a gas inlet (and outlet) making it possible to control the atmosphere
surrounding the sample. It is of great importance to be able to change the atmosphere
as quickly as possible which is why the volume of the glass tube is only slightly larger
than required to contain the sample setup. In order to control the temperature the glass
tube was mounted inside a tube furnace. The temperature of the sample was measured
using a small thermocouple placed close to the sample. The pO2 of the atmosphere
was measured with a zirconia oxygen sensor operating at 1000 ℃ connected to the gas
outlet.
Measurement parameters and data acquisition
For each sample measurements were made at different temperatures. At each tem-
perature the pO2 of the atmosphere was changed in sharp steps in order to achieve
the desired relaxations. The pO2 was first decreased in steps to a pO2 minimum and
thereafter increased to the pO2 maximum to test if the reductions of the sample are
reversible. Details of the steps and the pO2s at each step can be found in the results
section of this chapter. The pO2s ranged from 2, 0 × 10−14 atm to 0,54 atm for LaSr
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but for the two other samples relaxations were only subjected to pO2s higher than 10−4
atm. At the higher pO2s (10−4 − 0, 54 atm) the desired pO2 was achieved by mixing
oxygen and nitrogen while at the lower pO2s CO2 and 9%H2/N2 were mixed. The total
gasflow into the glass tube was always 250 ml/min.
Through the sample was running a current, I, of ca. 100 mA except during the reducing
steps of LaSr where I ≈ 10 mA. The current, the voltage drop over the sample, U , the
temperature of the sample and the pO2 of the outlet gas were simultaneously logged
approximately every third second.
7.3 Results and data treatment
In this section examples of the raw data and the treatment of the raw data are presented.
Fitting equation 7.13 to the conductivity data to obtain reliable values of the fitting
parameters Dchem and kex is no easy task. Several parameters can be changed when
doing the fittings and sometimes even very small changes in these parameters may
cause significantly different values of the fitting parameters Dchem and kex. Therefore,
a relatively long explanation of the fitting method will be given. Finally, the different
sources of errors in this experimental technique for the determination of Dchem and kex
are discussed.
In the ECR experiments the conductivities of the samples are measured at a range of
pO2s and at different temperatures. This provides us with:
• Conductivity as a function of pO2 .
• Conductivity as a function of temperature from which an activation energy for
the electronic conduction can be obtained.
From the fittings of the relaxation data, values ofDchem and kex are obtained at different
temperatures and pO2s. This can provide us with:
• The dependency of Dchem and kex on pO2
• Activation energies for Dchem and is determined from the temperature dependen-
cies.
Conductivities as a function of temperature and pO2
The main goal of performing the ECR experiments is to determine the parameters for
the oxygen transport in the materials, but the directly measured material property is the
electric conductivity. Though this in itself is not as interesting as the ionic conductivity,
usefull knowledge can be extracted from the steady state conductivity measurements.
These are presented in this subsection.
Temperature dependence of the conductivity
For each of the samples investigated in the ECR experiments, the conductivity was
measured as the sample was heated from room temperature and also during cooling
back to room temperature after the relaxations had been performed. The heating rate
was 1K/min and the conductivities were measured in a O2/N2 atmosphere having a
pO2 ≈ 0, 28 atm. In the case of La0,9Sr1,1, the conductivity was sufficiently high to
be measured even at room temperature whereas the conductivities of the two other
samples were not measurable with the used equipment below a few hundred℃. Plots of
the electric conductivities are shown in figure 7.3. The curves are more or less straight
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Figure 7.3 Semilogarithmic plot of σ vs. 1/T.. The arrows marks the heating and cooling
curves. The cooling curve of LaSr was measured at pO2 = 6× 10−3 atm.
showing a clear semiconductive behaviour as expected. The heating and cooling curves
of LaSr are almost identical. This is also the case for the two other samples at high
temperatures, but at temperatures below 400 ℃ the conductivity during cooling is
somewhat higher than during heating. This discrepancy could be a consequence of very
slow diffusion of oxygen at low temperatures. When the sample is heated from low
temperatures it is not in equilibrium with the atmosphere, whereas cooling it from high
temperatures makes it more probable that it is closer to equilibrium.
A small jump in the conductivity of La1,1Sr0,9 is observed at 950℃. This is because the
sample was heated to 950 ℃ and left there for 50 hours before it was heated further to
1000 ℃. For some reason a small drift in the conductivity is observed when the samples
are heated to a high temperature and left there for a few days. This was also observed
in the other samples but to a lesser extent. After a few days at high temperature the
drift stops.
It is seen from the plot that an increased Sr content results in a dramatic increase in
the conductivity, probably as a result of an increased hole concentration with increased
doping levels of the divalent Sr. Also the activation energy, Etota , decreases with in-
creasing Sr content as seen from the slope of the curves. The activation energies for
the electrical conductivity have been calculated assuming the electronic conduction to
occur via a small polaron hopping mechanism:
σ = C
1
T
e−
Etota /kT (7.15)
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Figure 7.4 Activation energies of the conductivities of the samples investigated in this study
and samples of La2−xSrxCoO4 measured by Matsuura et al.[10] and Pr2−xSrxBO4 (B = Fe,
Co) measured by Wang et al. [33]
The activation energies were calculated from the conductivities in the temperature in-
terval 550-1000 ℃. The conductivity curve of La1,1Sr0,9 was corrected for the jump
in conductivity at 950 ℃ before the activation energy was calculated. The activation
energies are plotted in figure 7.4. There is an obvious trend for Etota to decrease with
increasing strontium content. Similar trends in the dependency of σ and Etota are seen
in Sr doped La2CoO4 [10], Sr doped A2BO4 (A = Pr, Sm and B = Fe, Co) [33] and Sr
doped La2FeO4 [34]. From these investigations it is also clear that the conductivities
of the ferrites are much lower than the cobaltites. Considering that the B-site cations
in the samples investigated in the present study consists of 20% Co and 80% Fe, a
closer resemblance to the conductivities of the ferrites than the cobaltites are expected.
Indeed, the conductivities of LaSrFeO4 and La0,9Sr1,1FeO4 at 700 ℃ is around 3
and 6 S/cm, respectively [34], whereas I have measured values of 3,6 and 17,3 S/cm in
LaSr and La0,9Sr1,1. Considering the broad span of conductivities in similar materials,
these values are quite close. For comparison the conductivity of LaSrCoO4 at 700 ℃
is around 60 S/cm [10]. Assuming that the size of the A-site cation does not influence
the conductivity too much, the results from the present study can also be compared
with the results of Wang et al. [33] on Sr doped Pr2BO4 (B = Fe, Co). A plot of σ
of the samples investigated in the present study and from Wang et al. is seen in figure
7.5. The conductivities measured on the ECR samples are much closer to those of the
ferrites than the cobaltites.
As seen on figure 7.4 the activation energies are close to those reported by Mat-
suura et al. [10] and Wang et al. [33] measured on samples of La2−xSrxCoO4 and
Pr2−xSrxBO4 (B = Fe, Co). Interestingly, the activation energies found in the present
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Figure 7.5 Conductivities measured at 800 ℃ of the samples investigated in this study
(squares) and samples of Pr2−xSrxFeO4 (triangles) and Pr2−xSrxCoO4 (circles) measured
by Wang et al.[33]
study are closer to those reported for the cobaltites than those reported for the ferrites.
On the contrary there is a closer resemblance to the ferrites when the conductivities
are compared.
From the figures 7.5 and 7.4 it can be seen that σ and Etota of the compositions of
the present study are more sensitive to changes in dopant content than those mate-
rials from the literature used for comparison. The decrease in Etota when going from
La1,1Sr0,9 to La0,9Sr1,1 is f.ex. almost the same as the decrease in Etota when going
from La1,5Sr0,5CoO4 to La0,5Sr1,5CoO4 even though the change in Sr content is only
0,2 in the former case against 1,0 in the latter. It is tempting to believe that this
difference in the sensitivity to changes in the Sr content is due to differences in the Co
content. This conclusion stems from the following reasoning:
The activation energies do not seem to depend on the Sr content in the ferrites. Thus,
one may assume that only the cobalt ions are responsible for the change in Etota with Sr
content. Following this assumption, only the oxidation state of the Co ions are increased
with increased Sr content. In the La2−xSrxCo0,2Fe0,8O4 series which is the subject of
the present investigation, the Co content is 5 times smaller than in the La2−xSrxCoO4
(or Pr2−xSrxCoO4) series and therefore the oxidation state of Co should change 5
times as much with Sr doping in the former series as in the latter series. The activation
energy depends partly on the migration enthalpy for electron hopping between Co ions.
The migration enthalpy decreases with the distance between the Co ions which in turn
decreases with increasing oxidation state. The result of this simplified model is that the
activation energy decrease with increased oxidation state of Co. Therefore the slope of
the activation energy curve with respect to Sr content, dEadSr , should be 5 times larger in
the samples where the Co content is 0,2 than in the samples where [Co]=1. This agrees
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Figure 7.6 Conductivity of La0,9Sr1,1 as a function of pO2 measured at different temperatures.
well with what is seen in figure 7.4. Of course, the decrease in activation energy with
increasing Sr content may be due to other effects than the decreased distance between
Co ions. The high sensitivity of the Co oxidation state to the amount of Sr doping
may influence the activation energy in other ways than via the decreased distance for
electron hopping. However, in an investigation of Ca1−xNd1+xCoO4−δ the increase in
activation energy with increasing x is ascribed to the increased distance between Co ions
[35]. On the other hand, an increase in Sr content results in the same increase of [Co4+]
in both La2−xSrxCo0,2Fe0,8O4 and La2−xSrxCoO4 meaning that the same fraction
of B-site cations are oxidized to smaller ions in both materials. There is no reason to
believe that the lattice contraction would be 5 times larger in La2−xSrxCo0,2Fe0,8O4
than in La2−xSrxCoO4.
pO2 dependency of the electrical conductivity
The conductivity relaxations were performed by lowering or increasing the pO2 in steps
and letting the sample relax at each step. Apart from the relaxation curves this also
provides values of σ at each step when the sample is at equilibrium. The equilibrium
conductivities of the three ECR samples, La1,1Sr0,9, LaSr and La0,9Sr1,1 as a function
of pO2 are shown in the figures 7.6 to 7.9. It should be noted that the conductivities
shown for La1,1Sr0,9 are not necessarily measured when the sample is at equilibrium
with the surrounding atmosphere. La1,1Sr0,9 exhibited very slow relaxations and in
some cases new relaxations were started before the previous had finished.
All of the conductivity data are plotted on the figures. Both the conductivities
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Figure 7.7 Conductivity of LaSr as a function of pO2 measured at different temperatures.
Figure 7.8 Conductivity of LaSr as a function of pO2 measured at 1004 ℃ over a large pO2
range.
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Figure 7.9 Conductivity of La1,1Sr0,9 as a function of pO2 at 1004 ℃. The sample was not
completely in equilibrium when the conductivities were measured.
before and after relaxations and also the conductivitites from oxidizing and reducing
runs. No matter if the conductivity is measured before or after an oxidizing or reducing
relaxation, the conductivity remains a function of the pO2 only and is not influenced by
the redox history of the sample. This indicates that no permanent changes takes place
in the bulk of the samples 2.
Common to all of the samples is that the conductivity decrease with decreasing pO2 .
This is due to the annihilation of electron holes as oxygen leaves the sample. There
seems to be an almost linear dependence on log (pO2) at all temperatures at pO2s above
10−2 atm. At the highest temperatures the conductivity starts decreasing at an increas-
ing rate as the pO2 is decreased below 10−2 atm. This drop in conductivity is largest
at the highest temperatures. This is most pronounced in La0,9Sr1,1 where the conduc-
tivity curves for the temperatures 1004 ℃, 948 ℃ and 898 ℃ intersect at a pO2 ≈ 10−3
atm. At pO2 = 4, 6×10−4 atm. the conductivity at 1004℃ is even lower than at 798℃.
If the decrease in conductivity is due to the loss of oxygen from the sample, then this
behaviour reflects an increased tendency to lose oxygen with increasing temperature
which is confirmed by the results from the coulometric titration (Chapter 6) and is in
accordance with the usual behaviour of this type of RP and perovskite compounds.
From figure 7.8 it is seen that this drop in conductivity with decreasing pO2 is just the
beginning of a much larger drop in conductivity that continues all the way down to at
least pO2 = 10−14 atm.
2 In the case of La1,1Sr0,9 only reductions were made so this conclusion does not apply here but there
is no reason to expect this sample to behave differently
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Figure 7.10 Variation in pO2 and σn of the sample La0,9Sr1,1 during a relaxation. The
relaxation took place at 900 ℃ when the pO2 was lowered from 0,069 to 0,044 atm.
The relaxations
The relaxations were performed by letting the sample equilibrate at a certain temper-
ature and pO2 and then suddenly change the pO2 of the gas flow. The sample will then
equilibrate at the new pO2 by losing or taking up oxygen. This equilibration process is
called a relaxation and can be monitored by measuring the conductivity of the sample
over time as it equilibrates. The equilibration kinetics are described by Dchem and kex
which can be found by fitting equation 7.13 to the relaxation curve.
The relaxation curve is a plot of the normalized conductivity, σn, as expressed by the
left-side of equation 7.13, plotted as a function of time. An example of the relaxation
curve and the change in pO2 that caused the relaxation is shown in figure 7.10. When
the pO2 is lowered, an almost immediate response in the conductivity is observed. The
conductivity drops pretty fast in the beginning and after a while it reaches a new equi-
librium value corresponding to the new pO2 .
The magnitudes of Dchem and kex depend on the pO2 . Therefore it is important that
the steps in the pO2 are not too big so that it can be assumed, that Dchem and kex are
constant during the relaxation. On the other hand it is also important that the steps
are sufficiently large so that the resulting change in conductivity is large enough for a
good fit to be made.
Fitting the relaxations
The relaxation curve is fitted by equation 7.13 using a computer program written by
Martin Søgaard and described in his master´s thesis [36]. In short, the fitting program
varies the fitting parameters in order to obtain the best fit to the relaxation curve. The
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Figure 7.11 Relaxation curves (open circles) and their fits (lines). The relaxations were made
on the sample La0,9Sr1,1 at 900 ℃ in the pO2 range 0,15 - 0,0035 atm.
best fit is the fit that minimizes the Sum of Squared Deviations (SSD):
SSD =
∑
i
(σn,i(measured)− σn,i(calculated))2 (7.16)
where σn,i(measured) − σn,i(calculated) is the deviation between the measured value
of the normalized conductivity and the value calculated from the fitting equation.
In order to calculate σn using the left-side expression of equation 7.13, a value of the
conductivity when the relaxation starts, σ(0), and a value after the relaxation, σ(∞),
are required. In addition, a starting time, tstart, for the relaxation needs to be specified
in order to fit the data. Thus, there are 3 parameters, σ(0), σ(∞) and tstart that
must be specified in order to fit the data. After these parameters have been specified
the fitting program provides the values of Dchem and kex that minimizes SSD. It is
usually no problem to specify a reliable value of σ(0), but as we shall later see, it is
sometimes not that easy to specify values of σ(∞) and tstart and the outcome of the fit
may strongly depend on the choice of these two variables.
Examples of the measured relaxation curves and the best fits are seen in figure 7.11
Obtaining the best fits
The fitting program adjusts the values of Dchem and kex untill the fit that yields a
minimum SSD-value is found. One may then think, that the best and reliable fit has
been found. Unfortunately this is not so. Before the fitting program starts fitting,
values of σ(0), σ(∞) and tstart must be specified. These values must be manually read
from the data and the choice of values may have a significant impact on the determined
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values of Dchem and kex. σ(0) is usually no problem since the conductivity before the
relaxation starts is usually very stable compared to the change in conductivity as the
relaxation proceeds. σ(∞) and tstart are more troublesome.
Problems with σ(∞)
σ(∞) is the value of the conductivity when the relaxation has finished - that is, after
an infinite amount of time. In practice this means the time when there is no apparent
change in conductivity anymore. In the case of the fastest relaxations this happened
after just 10 minutes whereas it took up to several days for the slowest relaxations.
When the relaxation is fast, only small variations in temperature or pO2 occur during
the relaxation time, but the slower the relaxation is, the more variations in such quan-
tities occur during the relaxation time and introduce errors into the relaxation curve.
Therefore it is sometimes hard to tell when exactly the relaxation has ended. Is the
decrease in conductivity due to an unfinished relaxation or due to variations in temper-
ature, pO2 or other external disturbances? Furthermore, sometimes a small drift in the
conductivity is observed. This was in some cases corrected for by subtracting the drift
from the data, but in the case of the very long relaxations it can be hard to distinguish
a "natural" drift and a relaxation.
For these reasons the choice of σ(∞) might introduce some error into the magnitudes
of Dchem and kex.
Choosing the right tstart
Choosing the right value of σ(∞) is mainly a problem in the case of the slow relaxations,
but for the fast relaxations another problem arises: choosing the right tstart. Ideally
tstart is the time when the relaxation is triggered by an infinitely fast change in the pO2 .
In reality, the pO2 does not change infinitely fast. This is due to two reasons. First of
all it takes some time for the new gas to flush out the old gas. Second, the sample itself
exchanges oxygen with the surrounding atmosphere. This prolongs the time it takes to
change the pO2 in the quartz tube. When the pO2 is high the relatively small amount
of oxygen released from the sample does not really play a role, but at low pO2s the
released amount of oxygen might be enough to significantly alter the pO2 of the inlet
gas.
The slow change in pO2 raises a question: what is tstart? Should tstart be chosen as
the time when the pO2 is changed, when the conductivity starts dropping or what?
The question is further complicated by the frequency of the data acquisition, making
it impossible to tell exactly when the conductivity starts changing.
As an example of how sensitive the fitted values of Dchem and kex are on the choice of
tstart is seen on figure 7.12. As is seen on the figure, even a small change in the choice
of tstart can significantly alter the outcome of the fit. The range of tstart on the figure
is no more than 25 seconds but Dchem and kex varies with almost a factor of 2! 25
seconds is not a long time compared with the total relaxation time. Nor is 25 seconds
a long time compared with the data acquisition rate. Usually the data acquisition rate
is 3 seconds, but for some reason it is sometimes seen that no data are recorded for up
to 40 seconds. This often happens just around the crucial time when the relaxation
starts. Maybe because the computer is busy changing the gas flow and does not have
time to record data.
The problems regarding the choice of values for tstart and σ(∞) were surmounted using
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Figure 7.12 Plot of the fitted values of Dchem, kex and SSD as a function of tstart. The
relaxation was made on the sample La0,9Sr1,1 at 950 ℃ by lowering the pO2 from 5, 9× 10−3
atm to 1, 1× 10−3 atm.
the SSD values from the fits. For each relaxation different fits were made using different
values of tstart and σ(∞) within some reasonable range. The fit providing the smallest
value of SSD divided by the number of data points (SSD/N) were chosen as the best
fit. A graphical illustration of such a minimization of SSD with respect to tstart is seen
on figure 7.12. It is obvious which value of tstart that provides the lowest SSD value.
Choosing the "right" values for tstart and σ(∞) by minimizing SSD is of course no
guarantee that it is the right values, but at least it provides some systematism to the
fitting method.
Results: Dchem and kex
From the conductivity relaxations, values of Dchem and kex were determined for the
three samples La0,9Sr1,1, LaSr and La1,1Sr0,9. These will be presented one by one in
this subsection and at last the results of the three samples will be compared with each
other.
La0,9Sr1,1
La0,9Sr1,1 exhibits the fastest relaxations of the three investigated samples. Therefore
it was possible to measure the diffusion parameters at low temperatures at which the
relaxations were way too slow to be measured for the other samples. Dchem and kex
measured in the temperature range 697 - 1004 ℃ are shown on the figures 7.13 - 7.15.
Dchem and kex are plotted as a function of pO2 , but one should remember that each
data point is determined from a relaxation taking place as the pO2 is abruptly changed
from a start value to an end value. It is therefore not obvious whether it is the start pO2
or the end pO2 that should be represented on the x-axis. Comparing the results from
two different experimental methods, Dalslet et al [37] found that the best agreement
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Figure 7.13 Plot of Dchem and kex as a function of pO2 . Measurements were made at 1004 ℃
on La0,9Sr1,1.
Figure 7.14 Plot of Dchem and kex as a function of pO2 . Measurements were made at 898 and
948 ℃ on La0,9Sr1,1.
between the results were obtained if kex was plotted as a function of the end pO2 . This
makes sense considering that the surface experiences the end pO2 during the complete
relaxation. On the contrary, the bulk of the sample is not in equilibrium with the end
pO2 untill the sample has completely relaxed. During the relaxation the concentration
of oxide ions in the sample corresponds to a pO2 in between the start and the end pO2 .
Therefore kex is plotted as a function of the end pO2 while Dchem is plotted against the
average of the start and the end pO2 .
The values of Dchem as a function of pO2 are almost identical in the temperature
interval 898 - 1004 ℃. There might be a slight increase in Dchem with temperature
but this is hard to say due to the relatively large scatter in the data. It is evident,
though, that Dchem decrease as the temperature is lowered to 798 and 697 ℃. It is seen
that values of Dchem obtained from reductions more or less correspond to the values
obtained from oxidations. This reproducibility indicates that no permanent change of
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Figure 7.15 Plot of Dchem and kex as a function of pO2 . Measurements were made at 697 and
798 ℃ on La0,9Sr1,1.
the bulk of the sample takes place and that the error in Dchem related to the fitting
procedure is not too large.
At all temperatures there is a decrease in Dchem with decreasing pO2 . This is most
pronounced at the high temperatures (898 - 1004 ℃) where a drop in Dchem of almost
two orders of magnitude takes place as the pO2 is lowered from ≈ 5× 10−2 to 2× 10−3
atm. Above 5 × 10−2 atm Dchem varies only slightly with pO2 . As the temperature
is lowered the drop in Dchem becomes much smaller and at 697 ℃ there is no sudden
drop and Dchem decreases more or less linearly with decreasing pO2 .
There is a lot of scatter in the results for kex and there is not any good agreement
between the values obtained from the reducing and the oxidizing relaxations. There is
not any strong dependence on pO2 or temperature either. Only at 1004 ℃ kex tends to
decrease with decreasing pO2 . The scatter in kex seems to increase as the temperature
is decreased and the pO2 is decreased. That is, kex seems hard to determine accurately
when Dchem is low. This indicates that the relaxation kinetics are controlled by bulk
diffusion. den Otter has shown that it is only possible to determine both Dchem and
kex accurately if 0, 03 < lxkexDchem < 30 [23, p. 56]. If
lxkex
Dchem
< 0, 03 the relaxation
rate is limited by the surface reaction and Dchem can not be determined accurately. If
lxkex
Dchem
> 30 bulk diffusion is controlling the kinetics and only Dchem can be determined.
On figure 7.16 the regions of bulk and surface controlled diffusion are sketched. It is
seen that most of the relaxations measured on La0,9Sr1,1 lie within the region of mixed
control where it is possible to determine both of the transport parameters from the
relaxation curve. Some of the relaxations, those at low temperature and pO2 , lie within
or close to the bulk controlled region. In this region the quality of the fit to the
relaxation curve hardly depends on the choice of the fitting parameter kex as long as
this exceeds some lower value. This might explain the scatter in kex and the relatively
high values of kex at the lower temperatures.
The fitting of the relaxations at high T and high pO2 sometimes tended to yield very
high values of Dchem. This might be because these relaxations are close to the surface
controlled region. In this region the fitting parameter Dchem can attain infinitely high
values without worsening the quality of the fit. Even though the relaxations seem to
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Figure 7.16 The regions of surface control, mixed control and bulk control. Most of the
relaxations of La0,9Sr1,1 lie within the region of mixed control.
lie somewhat far from this region, there is some uncertainty in the exact position of
the lines separating the regions, since the above restrictions on lxkexDchem are derived for
an infinite sheet with finite thickness. The relaxations were measured on a rod with
an almost square cross section. In this case it seems reasonable that lx should be set
a little smaller than the actual lx of the rod since the relaxation time of a rod having
thickness lx would correspond to the relaxation time of a sheet having a thickness a
little smaller than lx. This would shift the lines in figure 7.16 a little upwards causing
some of the relaxations to lie closer to the region of surface control.
An Arrhenius plot of the chemical diffusion coefficients is shown in figure 7.17. The
data points are averages of Dchem values derived from the relaxations performed at
pO2s in the interval 0,15 - 0,5 atm. In the plot there is also a datapoint from a single
relaxations made at 599 ℃. Since the relaxation was quite slow at this low temperature
only a single relaxation was made. Apart from the deviation at 898 ℃ Dchem shows a
nice Arrhenius behaviour. The activation energy of Dchem as calculated from equation
7.17 is 150± 11 kJ/mol.
Dchem = D0e
EDa
kBT (7.17)
LaSr
Relaxations of LaSr were only performed at 1004 and 898 ℃ due to slow relaxations.
The obtained values of Dchem and kex are shown in figures 7.18 and 7.19. In addition to
these, a few relaxations were made at low pO2 obtained by mixing CO2 and 9%H2/N2.
The results of these are shown in figure 7.20. At 1004 ℃ there is a clear trend for
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Figure 7.17 Arrhenius plot of Dchem of La0,9Sr1,1 determined at pO2s near ambient pO2
Figure 7.18 Plot of Dchem and kex as a function of pO2 . Measurements were made at 1004 ℃
on LaSr.
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Figure 7.19 Plot of Dchem and kex as a function of pO2 . Measurements were made at 898 ℃
on LaSr.
Figure 7.20 Plot of Dchem and kex as a function of pO2 . Measurements were made at 999 ℃
on LaSr.
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Figure 7.21 Plot of Dchem and kex as a function of pO2 . Measurements were made at 1004 ℃
on La1,1Sr0,9.
Dchem to increase with decreasing pO2 whereas there is too much scatter in the results
at 898 ℃ for any trend to be recognised. This scatter is probably due to the long
relaxations lasting for approximately one day and thereby introducing a lot of noise
into the measurements. Despite the scatter in Dchem at 898 it is clear that Dchem has
decreased about one order of magnitude with the decrease in temperature to 898 ℃.
Not much can be said about kex because of the scatter in the data reflecting a large
uncertainty in the determination of kex. The relatively low values of Dchem makes bulk
diffusion the limiting factor and results in great errors in kex.
The relaxations made at low pO2 are hard to interpret. Dchem at the lowest and the
highest pO2 in figure 7.20 are in agreement with the trend observed at 1004 ℃ (figure
7.18). But the datapoint in the middle deviates significantly from this trend. Dchem
obtained from the relaxation shown as the right-most datapoint in figure 7.20, were
made after the exposure of the sample to the CO2 and 9%H2/N2 mixture. It is in
agreement with the value of Dchem measured at 1004 ℃ at the same pO2 before the
exposure to CO2 and 9%H2/N2. This indicates that the low pO2 does not affect the
structure of the bulk of the sample.
Assuming that Dchem follows an Arrhenius behaviour, it is possible to calculate an
activation energy. Using the values obtained for Dchem at 1004 and 898 ℃ for the
relaxations having an average pO2 of 0,1 atm, one ends up with an activation energy of
123 kJ/mol. There are large uncertainties on this value due to the scatter in Dchem at
898 ℃.
La1,1Sr0,9
The sample having the lowest Sr content also exhibited the slowest relaxations. The
relaxations at 1004 ℃ were so slow that it was decided not to perform a full series of
relaxations in the pO2 interval. Only a few relaxations were made but unfortunately
the sample never fully equilibrated. Therefore no precise values of Dchem and kex were
obtained and the results shown in figure 7.21 only serve to provide some idea of the
magnitude of Dchem and kex. The most reliable values of Dchem and kex are probably
the ones at the lowest pO2 . This relaxation was left for one week to reach equilibrium
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but unfortunately the sample was not fully equilibrated when the relaxation started.
Because the sample was not allowed to equlibrate in the other relaxations, the obtained
values of Dchem should be viewed as upper values. They might be considerably lower.
Characterization of samples after ECR measurements
During the ECR measurements the samples are exposed to high temperatures and re-
ducing conditions. These conditions might induce some structural and chemical changes
to the samples. It is relevant to investigate these changes in order to evaluate the reli-
ability of the results of the ECR measurements.
X-ray characterization
X-ray diffractograms were made of the three ECR samples. On the surface considerable
amounts of perovskite structure were seen in addition to the original RP structure. Also
small amounts of La2O3 was observed. In addition to the peaks of these compositions,
many small peaks were observed that were not possible to identify.
Diffractograms of the bulk of the samples after they had been used in ECR experiments
were compared with diffractograms of samples that had not been used for ECR. It was
clear that the bulk of the samples had not changed during the ECR experiments.
Microscopy
Pictures of surfaces of the samples La0,9Sr1,1 and La1,1Sr0,9 were taken with a Scanning
Electron Microscope (SEM). This can characterize the samples in two ways. It can show
the microstructure of the surface and it can determine the elemental composition of the
various phases present at the surface of the samples.
The surface of the ECR samples had started cracking and peeling off creating small
craters on the surface. Considerable formation of SrO was observed, which might
be the cause of the surface cracking. Platinum was present in the areas close to the
platinum electrodes.
Errors on Dchem and kex
The errors in the determination of Dchem and kex can be said to stem from three overall
factors:
1. Errors in the experimental setup and in the acquired raw data.
2. Errors associated with the fitting procedure.
3. Structural and chemical changes of the samples. This is not an error in itself, but
if the composition of the samples is not known, then the determined transport
parameters are not of much value.
Errors in the experimental setup and in the acquired raw data
Included in this class of errors are the errors in the dimensions of the samples, the dis-
tance between the electrodes and the measured voltage drop and current. Among these,
the errors in the dimensions of the samples and the distance between the electrodes are
considered to be the most important, but none of these are larger than at most 5%.
This type of error does not influence the precision of the results but only the accuracy.
Two more important sources of errors to be considered are:
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• Pores in the samples. If the samples are not dense and pores are present, the
oxygen may travel through the samples as oxygen gas instead of oxide ions and
this would yield too high values of Dchem. However, since the densities of the
samples are larger than 94%, the influence of pores and holes in the samples must
be very small.
• The finite rate of change in the pO2 triggering the relaxations. The pO2 does not
change infinitely fast as assumed in the fitting model and therefore the shape of
the relaxation curve deviates from its ideal shape. Depending on how fast the
relaxation kinetics are, this may cause significant errors in Dchem and kex. At
very slow relaxations the slow gas change is no problem, but at fast relaxations it
does influence the shape of the relaxation curve. F.ex. when changing the gas to
N2, the pO2 changes slowly and it is obvious that the relaxations are prolonged due
to this slow change in gas composition. Therefore the results of these relaxations
are discarded. By monitoring the pO2 of the outlet gas and being aware of this
problem, it is possible to avoid serious errors due to this problem.
Errors associated with the fitting procedure
As described before, three parameteres have to be specified in order to fit the relaxations.
Sometimes large uncertainties are associated with the two parameters σ(∞) and tstart
and this may cause large errors in Dchem and kex. By varying these two parameters in
order to obtain the best fit, it is anticipated that the "right" values of σ(∞) and tstart
have been found and that errors in Dchem and kex are minimized.
The fitting procedure has its limits. When the relaxation is controlled by bulk diffusion,
kex can not be determined whereas Dchem can not be determined when the relaxation
is controlled by the surface reaction. When the relaxations are close to these two limits
large errors might be introduced into Dchem and kex. In the case of La0,9Sr1,1 Dchem
is determined with low precision at the highest temperatures and pO2 while there is a
low precision on kex at the lowest temperatures and pO2 .
Structural and chemical changes of the samples
Significant changes to the surface of the samples take place during the ECR measure-
ments. This means that the character of the surface of the samples is more or less
unknown. The composition of the surface is unknown and the surface area is probably
many times larger than anticipated due to the cracks and holes in the surface. This
means that the obtained values of kex can not be trusted. These changes to the surface
might be the cause of the sometimes small drift in the conductivity and may also be
the reason for the high degree of scatter in the obtained values of kex.
Conclusion on errors on Dchem and kex
Due to the many sources of errors, it seems impossible to make a proper quantitative
error analysis of the errors on Dchem and kex. Because of the changes to the surface,
the obtained values of kex can not be trusted as a measure of the surface exchange in
the investigated materials. The most serious sources of errors in Dchem are associated
with the fitting procedure. These errors are not expected to be systematic but should
rather result in a scatter in the determined values of Dchem. An estimate of the error
in Dchem may therefore be obtained by looking at scatter in the plots of Dchem in the
relevant figures in section 7.3. It is seen that there are clear trends in the dependency
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of Dchem on pO2 and temperature. This indicates that the errors in Dchem are quite
small relative to the range of values in which Dchem varies.
8 Thermal and chemical expansion
All materials expand as their temperature is increased as a consequence of the larger
amplitudes of the thermal vibrations of the atoms in the material. How much the
material expands as the temperature is increased is described by the Thermal Expansion
Coefficient (TEC) of the material. The magnitude of the thermal expansion is a measure
of how strongly the atoms in the material are bound to each other. Usually one would
like to measure the volume expansion, but if the material is isotropic one can just as
well measure the length expansion since this may be easier and will provide the same
result. The synthesized materials are polycrystalline and consist of a vast number of
tiny crystallites with random orientations. Even though the expansions of a single
crystallite is not isotropic, the overall expansion of the sample will be isotropic. The
thermal expansion coefficient is therefore defined in terms of length:
TEC =
(
∂Lrel
∂T
)
δ
(8.1)
where ∂Lrel is the relative change of length of the sample.
Less well-known than thermal expansion is the concept of chemical expansion. The
investigated materials have the ability to take up or lose oxygen and since the volume
of the materials depends on the amount of oxygen, the materials expand or contracts
as oxygen is lost or taken up. As oxygen is lost, the B-site metal cations are reduced
to larger lower-valent cations resulting in an expansion of the material. The Chemical
Expansion Coefficient (CEC) is a measure of how the material volume depends on the
oxygen content. The oxygen content depends on the pO2 and so the CEC is measured
by varying this parameters. The chemical expansion coefficient is defined as:
CEC =
(
∂Lrel
∂δ
)
T
(8.2)
Apart from being important material properties in the design of oxygen membranes,
the TEC and CEC can provide information about how the oxygen content depends on
pO2 and temperature and as well as information about the strength of the atomic bonds
in the material.
8.1 Dillatometry
The TEC and CEC is measured by dillatometry which is a technique where the length
of the sample is measured as the sample is subjected to different conditions causing
it to expand or contract. The polished rectangular bars having typical dimensions of
25× 6× 1, 8mm were placed in a Netzsch 402 CD dillatometer and a program varying
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Figure 8.1 Typical plot of the relative expansion of the sample (in this case La0,9Sr1,1) as the
temperature and pO2 are varied. The arrows mark important changes in the composition of
the atmosphere
the temperature and pO2 was started. The temperature ranged between RT and 1250
℃ and the pO2 was varied between 0,21 atm and 10−31 atm. pO2s down to 10−4 atm
were created using a mixture of air and N2 while 9%H2/N2 was used for the lower pO2s.
The gas flow was 100 ml/min and the pO2 was monitored using a zirconia oxygen sensor
operating at 900 ℃.
After exposing the samples to the dillatometry program, the samples were examined
using X-ray diffraction. According to the diffractograms no significant changes to the
structure of the samples were present after they had been exposed to the dillatometry
program. However, in most samples, a few small peaks appeared in the diffractograms
after the dillatometry. The most significant new peak, at 2θ = 28, 8◦, might be caused
by the reduction product La2O3 suggesting a slight reduction of the samples. The
remaining two new peaks appearing in both PrSr and La0,9Sr1,1 remain unidentified.
8.2 Analyzing the dillatometry results
A typical plot of the relative expansion of a sample as temperature and pO2 are varied (a
dillatogram) is shown in figure 8.1. Several of the overall features of the dillatogram are
as expected, some are explainable and some are not easily explainable. As the sample
is heated and cooled it expands and contracts, respectively. From these iso-pO2 sections
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of the curve the TEC can be extracted assuming that the oxygen content of the sample
does not change during the temperature change. In most of the iso-pO2 sections there
is a linear relation between the relative expansion and the temperature as seen on the
plot. But as the temperature approaches 1250 ℃ there is a small contraction of the
sample over time. This might be caused by sintering of the sample.
The not as easily explainable parts of the dillatogram occurs when the temperature is
kept constant and the pO2 is varied. The first lowering of the pO2 takes place in the
isothermal section at 900 ℃ where the atmosphere is changed from atmospheric air to
50% air/N2, then to N2 and finally to 9%H2/N2. Hardly any expansion of the sample is
seen as the pO2 is lowered to around 10−4 atm (N2) meaning that the sample hardly loses
any oxygen during this pO2 interval. But as the atmosphere is changed to 9%H2/N2
(pO2 ≈ 10−20 atm) the sample expands significantly - most likely as a consequence of an
extensive loss of oxygen. Unfortunately, at the same time another slower effect is taking
place causing the sample to contract. Usually the loss of oxygen causes the material
to expand as the metal cations are being reduced to larger lower-valent cations, so
this contraction must be some secondary structural effect of the loss of oxygen such as
sintering or maybe even a slight decomposition of the sample. Similarly, as the sample
is being heated from 500-1000℃ in 9%H2/N2, the sample initially expands as expected
but as the temperature exceeds 900 ℃ the slope of the expansion decreases untill the
sample starts contracting at approximately 1000 ℃. An indication that the structural
changes causing these contractions are not reversible stems from the fact that the length
of the sample at the end of the dillatometry program is shorter than at the beginning.
As a matter of fact the magnitude of this "length loss", which to a varying degree is
seen in all samples, can to a large extent be accounted for by the sum of these strange
contractions. Since no new structural phases were seen in the X-ray diffractograms, the
samples are probably contracting because of sintering processes.
At the change from N2 to air at 1000 ℃ a contraction is seen due to uptake of oxygen.
This seems like a reasonable explanation, but why is the corresponding expansion not
seen at the change to N2 at 900℃? A partial explanation to this can be found by taking
a look at the pO2 during the gas changes. As the gas composition is changed from 50%
air/N2 to N2, the pO2 does not change abruptly from 10−1 to 10−4 atm as expected
but changes gradually during a timespan of approximately 80 minutes. Similarly, as
the gas composition is changed from 9%H2/N2 to N2, the pO2 does not immediately
change from 10−20 to 10−4 atm. Instead the pO2 makes a 2 hour climb to ≈ 10−6 atm
at which point it slowly approaches 10−5 atm. Then the gas is changed to air and the
pO2 rapidly jumps to 0,21 atm and it is at this gas shift that the contraction is seen.
Thus, when the gas is changed from N2 to air at 1000 ℃ the pO2 changes from 10−5
to 0,21 atm, whereas at 900 ℃ the pO2 only drops to ≈ 10−4 atm as the oxygen-rich
atmosphere is replaced by N2. If there is a large difference in the oxygen content of
the sample between the situation where T = 1000 ℃ and pO2 = 10−5 atm and the
situation where T = 900 ℃ and pO2 = 10−4, then a significant change in the length of
the sample is expected at the gas shift at 1000 ℃ but not at the gas shift at 900 ℃. As
shown in table 8.1, the gas shift at 1000 ℃ induces a change in the oxygen content of
La0,9Sr1,1 which is 3 times larger than the change in oxygen content induced by the gas
shift at 900 ℃. Of course, it is very unlikely that this can account for the much larger
length contraction observed at the gas shift at 1000 ℃. Maybe the samples had not yet
equilibrated in the N2 atmosphere after being exposed to the 9%H2/N2 atmosphere
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Figure 8.2 Plot of the relative length change, ∆L/L0, as a function of temperature
and for some reason this equilibration takes place much faster as the atmosphere is
changed to air.
The reason for the slow changes in pO2 as the gas is changed, is probably that the
sample itself exchanges oxygen with the atmosphere. Especially when the pO2 of the
inlet gas is as low as 10−4 atm only little oxygen has to be exchanged with the sample
to alter the pO2 of the atmosphere significantly.
Thermal expansion coefficients
Determining the TEC is no easy task since a change in temperature might cause a
change in oxygen content of the samples, which should be constant if the "pure" TEC
is to be determined according to equation 8.1. However, according to the TG measure-
ments the oxygen content of the samples seem to be very stable within the relevant
temperature intervals and at a pO2 down to 10−4 atm. From the plot of the relative
length changes during heating as a function of temperature (figure 8.2) it is seen that
the samples expand almost linearly with temperature from room temperature to more
than 1000 ℃ suggesting that it is the "pure" TEC that is being measured with only a
very small contribution from the CEC.
TECs as a function of temperature
TECs were calculated as a function of temperature by smoothing the data of ∆L/L0 and
then differentiating with respect to temperature. Three representative plots of TECs
as a function of temperature are shown in figure 8.3. For each sample three different
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Figure 8.3 Plot of TECs as a function of temperature
curves are shown: the curve ranging from 90 - 1220 ℃ is recorded during heating, the
curve ranging from 930 - 1220 ℃ stems from the cooling to 900 ℃ and the last curve
shows the TEC during cooling from 1000 ℃ to room temperature. All three curves
were recorded in air. Although the expansion curves in figure 8.2 look pretty straight,
it is obvious from figure 8.3 that the slopes of the curves vary quite a bit throughout the
temperature interval. It is common to all samples that the TEC is smallest at the low
temperatures and steadily increases with temperature untill some point around 600 ℃
where it seems to adopt a more constant value in the range 600-1000℃. The increase in
TEC with temperature might be explained by an increased loss of oxygen at the higher
temperatures. Above 1000 ℃ there is a considerable discrepancy between the heating
and cooling curves. The cooling curves strongly increase with temperature while the
heating curves strongly decrease with temperature. This is attributed to sintering pro-
cesses causing the samples to contract over time.
In general there is not a huge difference between the heating and cooling curves of
the samples (La1,1Sr0,9 is the most extreme example) suggesting that no permanent
changes to the structural phase of the samples take place during the dillatometry pro-
gram. As seen on figure 8.4 the TECs in all cases but one (Pr0,8Sr1,2) are higher during
cooling than during heating. A higher TEC during the cooling might be explained by
the increase in pO2 at the last isothermal step before the cooling starts. If the sam-
ple has not reached equilibrium before the cooling starts, the uptake of oxygen might
continue during the first part of the cooling sequence yielding a too high TEC. Slow
oxygen exchange with the atmosphere might also explain the deviation between the
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Figure 8.4 Plot of integrated TECs at various temperature intervals
heating and cooling curves.
TECs in air
In order to obtain a value for the TEC of each of the materials, an integrated value
of TEC were calculated by simply dividing the change in the relative length with the
temperature difference over a specified temperature interval. That is, TECT1−T2 =
∆L2/L0−∆L1/L0
T2−T1 . Since the TECs tend to increase with temperature up to 600 ℃ the
TECs were calculated for both of the intervals 150 - 600 ℃ and 600 -1000 ℃. At the
end of the dillatometry programs the samples were cooled and the TECs were calculated
for the intervals 950 - 600℃ and 600 - 150℃. The calculated TECs are shown on figure
8.4. A general trend seems to be that the TECs increase with the amount of Sr in the
samples - La1,1Sr0,9 has the lowest TEC while Pr0,8Sr1,2 has the highest. Similar
TECs for all intervals are found for LaSr, La0,9Sr1,1 and PrSr. Some samples (e.g.
La1,1Sr0,9 and La1,2Sr0,8Mg) show a rather large difference in TECs determined from
the heating and cooling sequences, while the difference is negligible in the case of f.ex.
La0,9Sr1,1.
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Figure 8.5 Plot of TECs as a function of temperature during heating and cooling in a
9%H2/N2 atmosphere. The curves bending upwards at high temperatures are the cooling
curves and the curves bending downwards are the heating curves
TECs in a 9%H2/N2 atmosphere
As seen on the temperature program in figure 8.1, the temperature is lowered from
900 - 500 ℃ in a 9%H2/N2 atmosphere and later increased from 500 - 900 ℃ in the
same atmosphere. From these data, values of TEC when the sample has equilibrated
in 9%H2/N2, can be extracted. The TECs as a function of temperature is plotted in
figure 8.5 and the integrated TECs are plotted in figure 8.6. The curves of the TEC vs
temperature in figure 8.5 are bending strongly downwards and upwards at temperatures
above 850 ℃. This might again be explained by sintering of the samples or maybe by
a slight decomposition. Apart from that it is remarkable how constant the TECs are
throughout this relatively small temperature interval. The integrated TECs for the
interval 550 - 850℃ are plotted in figure 8.6. The first thing to note about the TECs in
9%H2/N2 is that they for all samples are smaller than in air (figure 8.4). Those samples
having high TECs in air have a markedly lower TEC in 9%H2/N2 and those samples
having small TECs in air only exhibit a slightly lower TEC in 9%H2/N2. The result is
that the TECs in 9%H2/N2 only range from 14, 4− 15, 0 · 10−6K−1 whereas the TECs
in air range from 15, 4 − 18, 1 · 10−6K−1 in the high temperature interval. This small
difference between the samples might be related to the similar behaviour of the samples
observed in the TG measurements, where all samples release almost identical amounts
of oxygen as they are heated in 9%H2/N2 (see figure 6.2). If all samples release similar
amounts of oxygen, their chemical expansions will also be similar and maybe this is the
reason for the small range of the TECs measured in 9%H2/N2.
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Figure 8.6 Plot of integrated TECs measured at increasing and decreasing temperature in
9%H2/N2 atmosphere
Chemical expansion coefficients
The CECs are calculated from the isothermal sections of the dillatometry program
where the pO2 is varied. From these sections the expansions as a function of pO2 can
be determined. The relation between the oxygen content and the pO2 can be obtained
from the coulometric titration results, thereby allowing for the CEC to be determined
using equation 8.2.
Not a lot of reliable data for the pO2-dependence of the relative lengths of the samples
can be found from the dillatometry measurements. First difficulty is that the samples
do not expand or only expands very little at 900 ℃ where the atmosphere is changed
from atmospheric air to 50% air/N2 and then to N2. Second problem is that when
the samples actually do expand a lot at the change from N2 to 9%H2/N2, there is
some other effect taking place causing the samples to contract and thereby making it
impossible to tell how much the samples expand as a consequence of the shift from
N2 to 9%H2/N2. Only at the change from N2 to air at 1000 ℃ a relatively large
contraction, which is induced by the uptake of oxygen, can be seen, but as argued
previously, this large contraction might be related to the possibility that the samples
have not equilibrated in N2 after being exposed to 9%H2/N2.
In figure 8.7 the expansions of the samples following the gas changes are plotted. As
the gas is changed from atmospheric air to 50% air/N2 at 900 ℃, small expansions
8.2 Analyzing the dillatometry results 75
Figure 8.7 Expansions of the samples following the gas changes
of the samples La0,9Sr1,1, PrSr and Pr0,8Sr1,2 are observed, while the expansions of
the rest of the samples are too small to be measurable. Following the gas change from
50% air/N2 to N2, all of the samples exhibit measurable expansions except the sample
having the lowest Sr content, La1,1Sr0,9. At the gas change from N2 to air at 1000 ℃
all of the samples show large but similar contractions. Looking at the effects of the gas
changes at 900 ℃, the following conclusions can be made:
• The higher the Sr content, the larger are the length changes resulting from changes
in pO2 .
• The lengths of Pr samples are more sensitive to changes in pO2 than corresponding
La samples.
Calculating the chemical expansions using equation 8.2 requires information about how
the oxygen nonstoichiometry, δ, varies as the pO2 is changed. This information is ob-
tained from the coulometric titration experiments described in chapter 6 but only for
LaSr and La0,9Sr1,1. The changes in δ resulting from the gas changes have been cal-
culated using defect model 1 described in chapter 6. These changes and the calculated
CECs are presented in table 8.1. In the case of LaSr no measurable length change
was observed when changing the gas from air to 50% air/N2 which is understandable
considering the very small change in δ. Therefore no CEC could be measured at this
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Gas change Change in pO2 Change in δ CEC
LaSr
Air → 50% air/N2 0,21 → 10−1 atm 2, 2× 10−5 → 3, 1× 10−5 -
50% air/N2 → N2 10−1 → 10−4 atm 3, 1× 10−5 → 9, 4× 10−4 0,0047
La0,9Sr1,1
Air → 50% air/N2 0,21 → 10−1 atm 0,0046 → 0,0052 0,0072
50% air/N2 → N2 10−1 → 10−4 atm 0,0052 → 0,0176 0,0078
N2 → air 2× 10−5 → 0,21 atm 0,0496 → 0,0138 0,056
Table 8.1 Changes in δ resulting from changes in gas composition pO2 . The calculated CEC
are shown in the column to the right.
gas change. Something went wrong later in the dillatometry program such that the
measured length changes were too small. This is the reason why no data are provided
for the gas change from N2 to air at 1000 ℃. Maybe this problem also existed at the
gas change from 50% air/N2 to N2 yielding a too small CEC value.
In the case of La0,9Sr1,1 it seems like the CEC is constant at pO2s from 10−4 to 1
atm. But as the gas is changed from N2 to air at 1000 ℃, a CEC which is almost 10
times larger is measured. This high CEC value is probably not reliable. It is possible
that the samples had not equilibrated in the N2 atmosphere after being exposed to the
9%H2/N2 atmosphere and for some reason this equilibration takes place much faster
as air is let into the dillatometer.
The CEC of La0,9Sr1,1 is small compared to similar perovskites. The CEC of La0,3Sr0,7CoO3
is f.ex. 0,046 [38] and in La0,3Sr0,7FeO3 the CEC is ≈ 0, 047 at 900 ℃ [39]. Among
materials having smaller CECs are the RP structured oxides La2Ni1−xMxO4 (M = Fe,
Co, Cu) having CECs close to 0 and even negative CECs at low temperatures [40]. The
highest CEC was measured on La2Ni0,9Co0,1O4 and had a value of ≈ 6× 10−3, which
is only slightly lower than the CEC of La0,9Sr1,1. In the RP nickelates it was observed
that the lattice expansion due to oxygen loss is highly anisotropic. The lattice contracts
along the c axis and expands in the ab plane. These two effects almost perfectly cancel
out each other leading to very small CECs [40]. This might also be the reason for the
small CECs of La0,9Sr1,1 and the small chemical expansions of the other investigated
compositions, which are most likely due to both small CECs and small changes in δ.
However, it must remembered that the RP nickelates are hyper-stoichiometric with
respect to oxygen and the chemical expansions are due to loss of interstitial oxygen,
whereas the presently investigated materials most likely lose oxygen from the perovskite
layers. Therefore, the above explanation for the small chemical expansions might not
be valid in the present case.
Conclusions from dillatometry
From the dillatometry measurements the following points have been established:
• The magnitude of the TEC depends on the extent of divalent doping (doping with
Sr at A-site or Mg at the B-site) while the size of the trivalent A-site cation (La
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or Pr) does not seem to play an important role. The magnitude of the TEC (600
- 1000 ℃) increases with the extent of divalent doping from 14, 4 · 10−6K−1 in
La1,1Sr0,9 to 18, 1 · 10−6K−1 in Pr0,8Sr1,2. This correlation between Sr content
and TEC has also been observed in other RP-structured oxides having similar
compositions [33, 6].
• The TECs of the investigated samples are lying in the middle of the range of
TECs of materials having RP-type or perovskite-type structure. The TECs of
these materials range from 9, 5 − 25, 0 · 10−6K−1 depending on the composition
[7, 33, 6]. The perovskites generally have larger TECs than similar RP materials
[4] and for the RP materials the ferrites have lower TECs than the cobaltites [33].
For the composition La0,9Sr1,1FeO4 a TEC (30 - 1000 ℃) of 12, 7 · 10−6K−1
was measured by Daroukh et al. [4]. This is somewhat smaller than the value of
16, 0 · 10−6K−1 (30 - 1000 ℃) measured on La0,9Sr1,1. Maybe this difference is
due to the higher Co content of the latter which causes a larger TEC. However,
this can not fully explain the higher TEC of the investigated samples since a TEC
(700 ℃) of 15, 5 · 10−6K−1 was measured on LaSrCoO4 [6], which is still lower
than the measured TEC of LaSr despite the higher Co content.
• TECs in 9%H2/N2 are somewhat lower than the TECs in air - the lowering
is particularly pronounced for those samples having the highest TECs in air.
Daroukh et al. [4] measures TECs of RP-type oxides in both air and Ar/O2
(pO2 = 5−130 ·10−5 atm) but observes only minor differences between the TECs
in air and Ar/O2. This can possibly be explained by the relatively high pO2 in
the Ar/O2 mixture.
• From the dillatometry measurements it was established that the chemical expan-
sions of the samples are very small down to pO2s lower than 10−4 atm. This is
probably due to both a very limited oxygen exchange with the atmosphere as
observed in the TG and coulometric titration measurements, and small CECs as
in the case of La0,9Sr1,1. Although the chemical expansion is very small, it was
found that the Pr samples are more sensitive to changes in pO2 and also that an
increasing Sr content increases the chemical expansion.
• A reliable value of the CEC was only determined in the case of La0,9Sr1,1 in which
case it is 7−8×10−3 in the pO2 range 10−4 to 0,21 atm. This is 5 times lower than
for similar perovskites, but slightly larger than the CEC of La2Ni0,9Co0,1O4.
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9 Discussion
Using the different experimental methods treated in the preceeding chapters, the ma-
terials have been characterized in different ways as the temperature and pO2 is varied.
The defect chemistry of the materials have been clarified, the volume changes of the
samples resulting from changes in temperature and pO2 have been determined and the
electronic and ionic transport properties have been measured. Combining the infor-
mation obtained from the different experimental methods might provide some insight
into the underlying mechanisms governing the behaviour observed in the preceeding
chapters and qualify the discussion of the results from the experiments.
This chapter is devoted to the discussion of the experimental results. The knowledge
gained from the defect modelling is used in the attempt to explain the electronic and
ionic transport properties, and also the dillatometry results may contribute to a bet-
ter understanding of the factors governing the ionic diffusivity. It is assumed that the
structural and compositional changes of the materials as the temperature, pO2 or doping
level is altered are being reflected in all of the measured material properties. Therefore
it makes good sense to look for correlations between these material properties.
Due to the lack of time and due to experimental difficulties not all of the synthesized
samples were investigated using ECR and coulometric titration and unfortunately this
lack of experimental data makes it harder to draw good conclusions.
9.1 Correlations between electronic conductivity and defect species
Knowing the concentration of defects and the electronic conductivity as a function of
pO2 and temperature, provides the opportunity to determine the electronic conduction
mechanism of the investigated materials. It has earlier been assumed that the electronic
conduction takes place via a small polaron hopping mechanism where an electron jumps
between two Fe/Co cations of different oxidation states, accompanied by a distortion
of the surrounding lattice. One may also assume a band model where the conductivity
is proportional to the concentration of electron holes in the valence band. These dif-
ferent models may be investigated by relating the electronic conductivity to the defect
concentrations.
This search for a model describing the conductivity on basis of the defect concentra-
tions is a little complicated in the present case due to the lack of experimental data in
the desired pO2 range. At the highest pO2s, the defect concentrations vary only very
little and only at the highest temperatures. Therefore there are large uncertainties on
the defect concentrations at the high pO2s. Conductivity data are only available at
the large pO2s and this makes it problematic to investigate correlations between defect
concentrations and conductivity. Only in the case of LaSr, conductivity data exist
down to a pO2 of 10−14 atm. These are measured at 1004 ℃ and shown on figure 7.8.
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Figure 9.1 Measured conductivity of LaSr at 1004℃ as a function of the vacancy concentration
calculated from the two defect models
Since this is the only case where conductivities are measured over a sufficiently large
pO2 range, this dataset will be used for testing the different models.
Electronic conductivity models
In the derivation of the model fitting the data from the relaxation experiments, it was
assumed that there is a linear relation between the conductivity and concentration of
vacancies because of the annihilation of two electron holes for each vacancy that is
created. In figure 9.1 the measured conductivity is shown as a function of the vacancy
concentration calculated from the two defect models. It is seen that the conductivity
decreases almost linearly with increasing δ except at the low δ values corresponding to
high pO2 . This linear decrease in conductivity with increasing δ supports the hypothesis
that the conductivity depends on the existence of 3 and 4-valent Co and/or Fe. The
fact that this linearity does not extend into the high pO2 region, might be due to the
large relative errors on δ and the bad model fits in this region.
Several models relating the conductivity to the defect concentrations may be con-
structed. If the conductivity takes place via small polaron hopping, then the con-
ductivity might be expected to be proportional to the product of Co or Fe in different
oxidation states or maybe linear combinations of these:
σ = a[Co′][Cox] + b[Cox][Co•] + c[Co′][Co•] (9.1)
σ = a[Fex][Fe•] (9.2)
As a first approximation one may assume that a = b = c in equation 9.1. The elec-
trons might also jump from Fe3+ to Co4+ or from Co3+ to Fe4+ in which cases the
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Figure 9.2 Double-logarithmic plots of the measured conductivity of LaSr at 1004 ℃ as a
function of [Co•] (left) and [Fe•] (right) calculated from the two defect models
conductivity is expected to behave as:
σ ∝ [Fex][Co•] (9.3)
σ ∝ [Cox][Fe•] (9.4)
The experimentally measured conductivities were plotted as a function of the calculated
defect concentrations or products and linear combinations of these as described above.
The models that yield the best results are when the conductivities are plotted as a
function of either [Co•] calculated from model 1 or [Fe•] calculated from model 2.
These plots are shown in figure 9.2. If there is proportionality between the conductivity
and the defect concentrations, the data points would lie on a straight line having a slope
of 1. This is not the case in either of the plots. When all data points are included, the
slope of the best linear fit is 0,48 in the left figure and 0,67 in the right figure. If the
datapoints at the very low defect concentrations are excluded, the slopes of the linear
fits are 0,61 and 0,92 on the left and right plot, respectively.
The double-logarithmic plot of the conductivity as a function of [Fex][Fe•] (not shown),
is very similar to the left plot in figure 9.2 but the slopes of the linear fits are 0,70 and
1,02 when the datapoint at the lowest defect concentrations are included and excluded
respectively.
The slopes of the double-logarithmic plots of conductivity versus the relevant defect
concentrations are summarized in table 9.1. When plotting products involving [Co′] or
linear combinations hereof, the datapoints are far from lying on a straight line. For this
reason these cases do not appear in the table.
It is difficult to draw any reliable conclusions on the basis of these results but it is
clear that the conductivity decreases more or less linearly with increasing concentration
of oxygen vacancies. As the concentration of oxygen vacancies increase, the oxidation
states of Co and Fe decrease and this is what causes the conductivity to decrease. It
is not clear whether it is the reduction of Co or Fe that causes the conductivity to
decrease. The mechanism of the electronic conduction is not clear either. The more
or less linear relation between the conductivity and the concentrations of 4-valent Fe
and Co might be interpreted as if it is just the concentration of electron holes that
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Type of electronic carrier Slope Slope
(all data included) (data at lowest pO2 excluded)
[Co•] 0,48 0,61
[Fe•] 0,67 0,92
[Fex][Fe•] 0,70 1,02
[Cox][Fe•] 0,48 0,68
[Cox][Co•] 0,38 0,66
Table 9.1 Slopes of the double-logarithmic plots of conductivity as a function of concentrations
of electronic carriers
determines the conductivity. On the other hand, it must be remembered that in model
1, the concentration of Fe3+ is constant and thus the product [Fex][Co•] in equation 9.3
is proportional to the concentration of 4-valent Co. This could indicate a hopping model
where the electrons jump from Fe3+ to Co4+. Alternatively, the linearity between σ
and the product [Fex][Fe•] indicates electron hopping between 3 and 4-valent Fe.
One may think that linearity of the datapoints in the semilogarithmic plot of σ versus
1/T in figure 7.3 points towards a band model. If the electronic conduction instead
takes place via small polaron hopping, then it should not be log(σ) but log(σT ) that is
proportional to 1/T. But the plot of log(σT ) as a function of 1/T looks almost identical
to the plot in figure 7.3 so this method can not be used to determine whether a band
model or a small polaron hopping model provides the right description of the electronic
conductivity data. Another method to distinguish between a band model and small
polaron hopping is by looking at the magnitude of the mobility, µ, of the electronic
carriers. If µ < 0, 1cm2/V ·s the electronic conduction takes place via small polaron
hopping. The mobility can be calculated from the relation:
σ = µ · q · C, (9.5)
where q and C is the charge and the concentration of the electronic carriers. But
in order to determine C one must know the mechanism of the electronic conduction.
Assuming that a band model is the right model and that C = [Co•] we end up with a
mobility of 0, 05cm2/V ·s if the conductivity of LaSr at 1004 ℃ and atmospheric pO2 is
used. If the small polaron hopping is assumed and C = [Cox][Co•] then µ = 0, 7cm2/V ·s.
Since both of these values are close to 0,1, no clear conclusion regarding the conduction
mechanism can be made. Assuming other charge carriers instead of hopping between
Co3+ and Co4+ will lead to the same result.
9.2 Analysis of diffusion coefficients
In chapter 7 the chemical diffusion coefficients, Dchem, of three samples were determined
from the conductivity relaxations. In the present section these results are discussed
in relation to the defect chemistry of the samples and compared with the diffusion
properties of similar materials investigated in the literature.
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Figure 9.3 Left: Double logarithmic plot of D as a function of pO2 at different temperatures.
Right: Double logarithmic plot of DV as a function of pO2 at different temperatures. All data
are for the sample La0,9Sr1,1
Selfdiffusion coefficient, D, and vacancy diffusion coefficient, DV
In the analysis of the ionic diffusion results, it is usefull to convert Dchem into D and
DV . In contrast to Dchem, D does not depend on the thermodynamical factor γ and
is thus a more usefull and "pure" quantity when it comes to explaining the mobility of
oxide ions in the materials. Most of he oxygen sites in the lattices are occupied by an
oxide ion and this severely restricts the movement of oxide ions. Therefore it is more
convenient to describe the diffusion in terms of diffusion of vacancies. The vacancy
diffusion is described by DV .
The relations between Dchem, D and DV are given by equations 4.12 and 4.14. The
conversion of Dchem to D requires values of γ and to convert D to DV the vacancy
concentrations, δ, must be known. Both γ and δ are calculated from the defect modelling
in chapter 6 using model 1. Unfortunately, there might be great uncertainties on both γ
and δ - especially at the lower temperatures and at the higher pO2s due to the presence
of the high-pO2 plateau.
D and DV for La0,9Sr1,1 are shown in figure 9.3. Due to the very large γ values the
self diffusion coefficients become very small. Interestingly, the large γ values are more
or less of the same magnitude as the fractions cOcV and thus the calculated values of DV
are only slightly smaller than Dchem. In fact, γ and the factor cOcV cancel out each other
so well that DV and Dchem exhibit almost the same dependency on temperature and
pO2 .
On the contrary, D shows a different behaviour. At 698 ℃ D does not decrease with
decreasing pO2 but shows a slight increase and at 798 ℃ D is almost independent of
the pO2 . At the higher temperatures D has a pO2 dependency similar to Dchem.
The results for LaSr are shown in figure 9.4. Only the values of D and DV at 1004 ℃
are calculated since the results at 900 ℃ are not very reliable due to the long relaxation
times. As in the case of La0,9Sr1,1 the values of D are very low due to high γ values.
And again the factor cOcV cancels out γ so that DV almost equals Dchem, except at the
two lowest pO2s where Dchem is around 4 and 7 times larger than DV .
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Figure 9.4 Left: Double logarithmic plot of D as a function of pO2 at different temperatures.
Right: Double logarithmic plot of DV as a function of pO2 at different temperatures. All data
are for the sample LaSr
Dependency of oxide ion diffusion on defects
The vacancy diffusion coefficients exhibit a strong dependency on the pO2 . This depen-
dency is more pronounced in La0,9Sr1,1 than in LaSr and it increases with increasing
temperature. This is because the concentration of defects become more sensitive to
changes in pO2 when the Sr content and the temperature is high, which is evident from
the coulometric titration results and the defect modelling in chapter 6. But how can
changes in the defect concentrations affect the diffusion constants? The most apparent
conclusion is that it is the change in the vacancy concentration that is responsible for
the pO2 dependence of the vacancy diffusion coefficient. As described in chapter 4 by
equation 4.22, DV should decrease with an increase in δ due to an increase in sites
occupied by vacancies.
The dependencies of D and DV on δ are shown in figure 9.5 in the case of La0,9Sr1,1
and on figure 9.6 in the case of LaSr. Even though the vacancy concentrations only
change very little in the investigated pO2 range, D and DV (as well as Dchem) vary a
lot. Since the vacancy concentration is very small and only decreases very little, the
factor
(
1− δn
)
in equation 4.22 is approximately equal to 1 and hardly varies in the in-
vestigated pO2 range. Thus, this can not explain the δ dependency of DV in La0,9Sr1,1.
And it can certainly not explain the behaviour of DV in LaSr where DV increases as
the pO2 is decreased. This completely different behaviour of La0,9Sr1,1 and LaSr in
addition to the enormous change in DV with only minor changes in δ proves that the
dependency of DV is not simply a question of occupied/unoccupied vacancy sites.
As previously mentioned, investigations of the ionic diffusion in the perovskites La1−xSrxCoO3−δ
(x = 0.2, 0.5 and 0.7) [22] and La0,6Sr0,4Co1−yFeyO3−δ (y = 0.2, 0.5 and 0.8) [23]
revealed a decrease in Dchem with decreasing pO2 . This behaviour was attributed to
the ordering of vacancies. Maybe this is also the explanation for the strong decrease
in DV with decreasing pO2 seen in La0,9Sr1,1, but this is a very speculative conclu-
sion and does not fit with the behaviour of LaSr. However, by looking at figure 9.5
one observes an abrupt change in the slope of the log(DV )-log(δ) curve a little above
δ = 10−3. By making a linear fit to the log(DV ) datapoints below δ = 2 × 10−3 on
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Figure 9.5 Left: Double logarithmic plot of D as a function of δ at different temperatures.
Right: Double logarithmic plot of DV as a function of δ at different temperatures. All data
are for the sample La0,9Sr1,1
Figure 9.6 Left: Double logarithmic plot of D as a function of δ. Right: Double logarithmic
plot of DV as a function of δ. All data are for the sample LaSr
figure 9.5, a slope of -0,46 is obtained at 698 ℃ and slope of -0,53 at 798 ℃. Making a
linear regression to the datapoints above δ = 2 × 10−3 yields slopes of -3,3 at 798 ℃,
-5,1 at 898 ℃, -5,3 at 948 ℃ and -5,4 at 1004 ℃. The point is that the slopes of the
curves below δ = 2×10−3 are significantly different from the slopes of the curves above
δ = 2× 10−3. A tentative explanation could be that the vacancies start ordering as the
concentration of vacancies exceeds δ = 2 × 10−3. The δ-value where vacancy ordering
starts taking place is most likely temperature dependent and should be shifted upwards
as temperature is increased.
Another explanation could be that the migration of oxide ions actually takes place via
an interstitial mechanism or maybe a combined interstitial and vacancy mechanism. As
δ increases, less and less interstitial oxide ions will be found and the oxygen transport
occuring by the interstitial mechanism decreases.
86 Discussion
The two explanations above only applies to La0,9Sr1,1. In LaSr DV increases with
increasing δ. Linear regression of the data in the double-logarithmic plot in figure 9.6
yields a slope of 0,7 when the two datapoints around δ = 0, 1 are excluded. None of the
speculations above can explain that DV increases with increasing δ. This behaviour
could be due to changes in the lattice parameters when the material is being reduced,
resulting in a larger critical radii and lower energy of migration.
Regarding the pO2 dependency of DV no single satisfactory explanation applying to
both LaSr and La0,9Sr1,1 can be found. The phenomen of ionic diffusion and the
factors governing the magnitude of the diffusion in these materials are probably quite
complex and depends on many different factors.
Influence of Sr content
As seen above, just a small change in Sr doping results in a very different pO2 dependency
of DV . Maybe even more interesting is the huge difference in the diffusion constants
of La1,1Sr0,9, LaSr and La0,9Sr1,1 caused by only a small difference in Sr doping. At
1004℃ and a pO2 close to atmospheric pO2 , Dchem of La1,1Sr0,9 is around 10−8cm
2
/s, in
LaSr Dchem ≈ 10−7cm2/s at the same conditions and in La0,9Sr1,1 Dchem ≈ 10−4cm2/s.
Thus, Dchem increases around 4 magnitudes as the La content decreases from 1,1 to 0,9
and the Sr content is increased from 0,9 to 1,1. Such a dramatic change in the diffusion
coefficients with small changes in Sr doping has also been observed in other RP mate-
rials. In La2−xSrxCuO4 a drop in D∗ of about 3 orders of magnitude was observed
as the Sr content was increased from x=0,03 to x=0,07 [24]. In La2Ni1−xCoxO4 D∗
decreased one order of magnitude as the Sr content was increased from x=0 to x=0,1
[16]. These materials differ from the ones studied in the present investigation by having
much smaller Sr contents and a hyperstoichiometry of oxygen. This is probably the rea-
son why the diffusion coefficient decreases with increased Sr content in those materials
whereas the opposite is the case for the presently investigated materials. The behaviour
of the latter materials is more similar to Sr doped perovskites where an increase in Sr
content results in larger diffusion coefficients. This is f.ex. observed in La1−xSrxCoO3
[22].
Most likely it is not an effect related to increased vacancy formation with Sr doping
that leads to increased diffusion coefficents as the Sr content is increased. First of
all, in the investigated materials doping with Sr is being compensated by a increased
oxidation state of the Co ions and only to a very small degree by increased vacancy
formation. Second, in La0,9Sr1,1 increased concentration of vacancies resulted in a de-
creased diffusion coefficient. Most likely the substitution of the La3+ ions with Sr2+
results in structural changes that makes it easier for the oxide ions to migrate through
the material.
Comparison with the literature
The oxygen diffusion properties of RP structured oxides have only been studied in rel-
atively few cases and mainly for nickelates and cuprates. The selfdiffusion coefficients
of La0,9Sr1,1 obtained in this study are compared with the tracer diffusion coefficients
of La2−xSrxNiO4 (x = 0 and 0,1) measured by Skinner et al. [5] and tracer diffusion
coefficients of La1,9Sr0,1CuO4 measured by Opila et al. [24]. In addition to these,
data for the perovskite La0,6Sr0,4Co0,2Fe0,8O4 measured by Dalslet et al. [37] are in-
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Figure 9.7 Tracer diffusion coefficients and selfdiffusion coefficients from the literature and
from the present study. All coefficients are measured at atmospheric pO2
Composition Ea of D or D∗ (kJ/mol) Reference
La2NiO4 82 Skinner et al. [5]
La1,9Sr0,1NiO4 55 Skinner et al. [5]
La1,9Sr0,1CuO4 63 Opila et al. [24]
La0,6Sr0,4Co0,2Fe0,8O4 105 Dalslet et al. [37]
La0,9Sr1,1 334 (163) This study
Table 9.2 Activation energies for selfdiffusion coefficients or tracer diffusion coefficients of
different materials. The activation energy in the parenthesis in the second row shows the
activation energy determined from the diffusion coefficients at the three highest temperatures.
cluded. The diffusion coefficients are plotted in figure 9.7 and the activation energies
are written in table 9.2. As seen from the figure and the table, the activation energy
of D of La0,9Sr1,1 is very high compared with the other materials. There might be
large errors on the γ values at the low temperatures, which could be the reason for
the low selfdiffusion coefficients at the low temperatures. But even if the activation
energy is determined from only the three highest temperatures (shown in parenthesis
in table 9.2), it is still considerably higher than in the other materials. The result of
this high activation energy is that the diffusion coefficients at the low temperatures are
much lower than in the other materials whereas the diffusion coefficients of La0,9Sr1,1
at the high temperatures are less than one magnitude lower than those of the perovskite
La0,6Sr0,4Co0,2Fe0,8O4 and the RP oxide La2NiO4. Actually, if the data of the RP
oxide La1,9Sr0,1NiO4 are extrapolated to higher temperature, they would be similar
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to La0,9Sr1,1.
The reason for the high activation energy of La0,9Sr1,1 relative to the RP structured
nickelate and cuprate, could be a difference in the migration mechanism. In the nick-
elates and cuprate having low Sr contents the migration is considered to occur via a
interstitial mechanism because of a hyperstoichiometry of oxygen in these materials.
In the presently studied materials it is unlikely that there is a considerable excess of
oxygen in the material and therefore the most probable mechanism for oxygen migra-
tion is via vacancies. It has been shown experimentally that the migration is highly
anisotropic in La1,9Sr0,1CuO4 favouring migration in the ab planes (the planes parallel
to the perovskite slabs) over migration in the c-direction (the direction perpendicular
to the perovskite and rocksalt layers) [24]. The activation energy for diffusion in the c
direction was 126 kJ/mol while the diffusion in a polycrystalline sample had an activation
energy of only 63 kJ/mol. A computer simulation of the migration in La2NiO4 yielded
the same result: The activation energy for oxide ion migration was 85 and 304 kJ/mol
for migration in the ab plane and in the c direction, respectively [41]. The presently
investigated samples are polycrystalline but the activation energy in La0,9Sr1,1 is much
higher than the activation energies for the ionic diffusion via an interstitial mechanism
reported above and in table 9.2. It is closer to but still higher than the activation
energy of the perovskite La0,6Sr0,4Co0,2Fe0,8O4 in which the oxide migration occurs
via a vacancy mechanism.
The activation energy of La0,9Sr1,1 seems to be twice as high at the low temperatures
as at the three highest temperatures. If this result is reliable and not just a consequence
of errors on the γ values, then it indicates a trapping of the vacancies by an associa-
tion effect taking place at low temperatures. The enthalpy of association contributes
significantly to the activation energy, but as the temperature exceeds some value, this
association does not take place and the activation energy decreases.
9.3 Correlation between ionic diffusion and chemical and thermal
expansion
In chapter 8 the thermal and chemical expansion coefficients were measured and in
chapter 7 the diffusivities were determined. These properties might be correlated as
observed in the case of mixed conducting perovskites [39, 7]. In those cases the TEC
and the CEC (only measured in [39]) as well as the ionic diffusivity increase with
increased concentration of vacancies. The theoretical background for this correlation is
thought to hinge on the dependence of all these properties on the binding energies in
the ionic lattice. The formation of a vacancy means that an ion having two negative
charges disappear from the lattice and two cations lose one positive charge each. Thus,
the electrostatic attraction between the oxide ion and the cations is replaced with a
repulsion between the two cations. The result is a smaller electrostatic attraction,
lower binding energy and therefore larger TEC and CEC. Also the diffusion of oxide
ions is thought to proceed more easily as the binding energies decrease.
In the present study it is uncertain how much δ varies between the samples since the
TG measurements did not provide reliable values. But there is a tendency for the
TEC as well as for the ionic diffusivity to increase with increased Sr doping thereby
confirming the correlation between these two properties. However, the TECs rather
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seem to decrease rather than increase with increasing δ as seen in the small TECs
measured in 9%H2/N2.
9.4 General discussion of the effect of Sr doping in the currently
investigated materials
The materials La1,1Sr0,9, LaSr and La0,9Sr1,1 were investigated using TG, coulometric
titration, ECR and dillatometry. The results of these measurements can be compared
in order to extract information about the effect of Sr doping. The compositions PrSr
and Pr0,8Sr1,2 were also investigated using dillatometry and apparently it seem as if
changes in the level of Sr doping has a larger effect than replacing the A-site cation
with a slightly smaller rare earth cation. Despite the relatively small variations in Sr
content in the investigated samples, some of the material properties vary a lot due to
the changes induced by Sr doping.
The partial replacement of La3+ with Sr2+ results in an increased oxidation state of the
B-site cations and only to a very small extent in the formation of oxygen vacancies. It
is not completely clear which of the B-site cations that are oxidized (it might be both)
but both the defect modelling and the behaviour of the electronic conductivity suggest
that Co rather than Fe is oxidized. The increased oxidation state induced by Sr doping
makes the materials more prone to reduction and thus increases the tendency to lose
oxygen under reducing conditions. This effect is most clearly seen in the coulometric
titration results as well as in the TG measurements as the gas is changed from N2
to 9%H2/N2. At this drop in pO2 the samples lose different amounts of oxygen and
these differences can be well accounted for by the increased amounts of easily reducible
4-valent cations in the Sr rich samples.
The increased tendency to lose oxygen might also explain the higher TECs of the Sr
rich samples. The measured TECs results from a combination of thermal and chemical
expansions. The higher the oxygen loss as the temperature is increased, the larger the
chemical expansions and the larger is the measured TEC.
The remarkably large decrease in the activation energy for the electronic conductivity
as the Sr content is increased also seem to be a consequence of the large difference in Co
oxidation states. Exactly why an increase in the average oxidation state of Co decreases
the activation energy is not known.
The diffusion constants describing ionic diffusion are very dependent on the Sr content
and increase dramatically with increased Sr doping. The explanation for this relation is
not clear and might not be simple. The large differences in diffusion constants can not
be explained from the differences in oxygen vacancy concentrations. A guess is that the
increase in ionic diffusivities with increased Sr doping is a result of lattice distortions
but this possibility have not been investigated in this work.
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Samples of the K2NiF4-type oxides (La2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 0.9, 1.0 and
1.1), (Pr2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 1.0 and 1.2) and (La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ
were synthesized and investigated using the experimental techniques of thermogravime-
try and dillatometry to determine the oxygen non-stoichiometry and the thermal and
chemical expansions. The samples (La2−xSrx)0,98Fe0,8Co0,2O4−δ (x = 0.9, 1.0 and 1.1)
were also investigated using electrical conductivity relaxation and coulometric titration
in order to determine the electronic and ionic transport properties and the defect chem-
istry. The results of the experiments are summarized below followed by an interpretation
of the observed material properties.
10.1 Summary of results from the measurements
Oxygen non-stoichiometry and reducibility
The oxygen non-stoichiometry, δ, at atmospheric pO2 is close to 0 but slightly positive in
all compositions except (La1,2Sr0,8)0,98(Fe0,8Co0,2)0,8Mg0,2O4−δ in which case δ was
not determined. All samples are very stable and lose only very small amounts of oxygen
as the temperature is increased to 1000 ℃ and the pO2 lowered to 10−4 atm. Increasing
the extent of Sr doping increases the loss of oxygen as the pO2 is lowered. The samples
start decomposing in 9%H2/N2 (pO2 ≈ 10−20 atm) at temperatures between 800 and
1100 ℃.
Ionic and electronic transport properties
The activation energy for the electric conduction decreases with Sr doping from 0,67
eV in (La1,1Sr0,9)0,98Fe0,8Co0,2O4−δ to 0,18 eV in (La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ and
the conductivity at 800 ℃ increases from 1,5 S/cm in the former to 18,0 S/cm in the
latter composition.
At 1004 ℃ and atmospheric pO2 , the chemical diffusion constant, Dchem, increases
with increasing Sr content from around 10−8cm2/s in (La1,1Sr0,9)0,98Fe0,8Co0,2O4−δ to
≈ 10−4cm2/s in (La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ. Due to chemical and structural changes
of the sample surfaces during the measurements, it was not possible to obtain values of
the surface exchange coefficient, kex.
Thermal and chemical expansivity
The apparent thermal expansion coefficients in the temperature range 600 - 1000℃mea-
sured in air increases with Sr content from 14, 4×10−6K−1 in (La1,1Sr0,9)0,98Fe0,8Co0,2O4−δ
to 18, 1× 10−6K−1 in (Pr0,8Sr1,2)0,98Fe0,8Co0,2O4−δ. The chemical expansions in the
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pO2 range 0, 21−10−4 atm are very small. Only in the case of (La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ
the chemical expansion coefficient was determined and its value is ≈ 8× 10−3.
10.2 Conclusion
Even the small differences in the extent of Sr doping between the investigated samples
have a surprisingly large effect on the ionic and electronic transport properties as well
as a more moderate effect on the thermal anc chemical expansion, whereas the replace-
ment of the A-site La with Pr only has a minor effect on the expansion. Increasing the
Sr dopant level forces the B-site Co ions to adopt a higher oxidation state, whereas it
hardly results in the creation of oxygen vacancies. A higher intitial average oxidation
state of Co makes it easier to reduce the sample, having the effect that more oxygen is
lost from the Sr rich samples as the pO2 is lowered and the temperature is increased.
This may explain why larger thermal expansions are observed in the Sr rich samples:
the Sr rich samples lose more oxygen upon heating resulting in a chemical expansion
that contributes to the measured thermal expansion.
As the pO2 is decreased and oxygen is lost, the electronic conductivity decreases due to
decreasing concentration of charge carriers. It was not possible to determine whether
the electronic conduction takes place via small polaron hopping or band conduction but
it is clear that the conductivity decreases with decreasing concentration of Co4+. The
activation energy for the electric conduction depends strongly on Sr content. This is
probably related to the large change in the average Co oxidation state with Sr content.
The ionic diffusion coefficients increase strongly with increasing Sr content but the rea-
son why is not clear. There does not seem to be a simple dependency on the vacancy con-
centration since the diffusion coefficients increase with increasing vacancy concentration
in (LaSr)0,98Fe0,8Co0,2O4−δ whereas it decreases in (La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ.
Despite the small changes in the defect concentrations with decreasing pO2 , the ionic dif-
fusion show a strong dependence on the pO2 . In the sample (La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ
the pO2 dependency is similar to La1−xSrxCoO3−δ suggesting a similar ionic conduc-
tion mechanism, namely a vacancy mechanism in the perovskite layers. The strongly
decreasing diffusion coefficient with increased vacancy concentration observed in
(La0,9Sr1,1)0,98Fe0,8Co0,2O4−δ may be explained with increased ordering of vacancies
or association of vacancies with cations, both resulting in fewer mobile vacancies.
It is possible that the diffusion coefficients depend much more on other factors than on
the vacancy concentration and this is the reason why no good explanation relating the
diffusion to the vacancy concentration can be found. Such a factor could be the degree
of lattice distortion, which is affected by the extent of doping and the oxidation states
of the cations.
A X-ray diffractograms of sintered and
polished bars
The figures show the recorded diffractograms of the sintered and polished bars. The
vertical lines are data from a powder diffraction file with the code [71-1745] and showing
the peaks of LaSrFeO4.
Figure A.1 La1,1Sr0,9
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94 X-ray diffractograms of sintered and polished bars
Figure A.2 LaSr
Figure A.3 La0,9Sr1,1
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Figure A.4 La1,2Sr0,8Mg
Figure A.5 PrSr
96 X-ray diffractograms of sintered and polished bars
Figure A.6 Pr0,8Sr1,2
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